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Severe plastic deformation (SPD) has been the subject of intensive investigations in recent 
years because of the unique physical and mechanical properties of ultrafine grained (UFG) 
materials fabricated by this technique. High pressure torsion (HPT) is one of the most widely 
used SPD techniques. The main aim of HPT processing is to produce extreme grain refinement 
and the ensuing strengthening of the processed material. There is no longer any doubt that this 
is achievable with most malleable and even with many hard-to-deform materials, and 
innumerable experimental results documented in the literatures are a convincing testimony to 
that. Despite this body of experimental evidence, the deformation mechanisms during the HPT 
process, which are pivotal in designing the routes to property improvement, are far from being 
understood. Up to now, a few numerical simulations have been reported. However, these 
simulations only gave reasonably satisfactory predictions due to the simplifications and 
shortcomings of the developed models, and are definitely insufficient to fully understand the 
deformation mechanisms of the HPT process. Therefore, a systematic study on modeling of 
plastic deformation behavior, texture evolution and grain refinement of the HPT process is 
essential. 
In the present study, a three-dimensional crystal plasticity finite element method (CPFEM) 
model has been developed to offer a systematic understanding of the plastic deformation 
behavior, texture evolutions and grain fragmentation of single crystals during the full scale HPT 
process. The developed CPFEM model has been validated by comparing the simulation results 
with the experimental observations. 
Texture simulation has been carried out for HPT of nickel single crystal which has the initial (001) 
and (111) orientation. It has been seen that different crystallographic orientations rotated 
towards different ideal shear texture components with respect to the torsion deformation in 
HPT. During this process, lattice rotated predominately along the radial direction. While for the 
initial Cube orientation of (001) nickel single crystal, a noticeable amount of rotation angles 





did not rotate uniformly during the HPT process, the rotation rate converged when approaching 
the main components of the ideal shear texture but it diverged while rotated away from the 
ideal texture components. In addition, for HPT deformation, the material spin was usually larger 
than other SPD processes due to severe shear deformation. The material spin requirement 
could be met by either lattice spin or plastic rotation rate. For dominant slip condition, material 
spin could be mainly or even fully satisfied by plastic rotation rate and thus the lattice spin was 
very small or even dropped to zero, which led to relatively limited orientation change or even 
stable orientation with increasing HPT deformation; while for multiple slip condition, each of 
the slip systems of interest produced a rotation component, the resultant of which was the 
overall glide rotation rate was small, the lattice must rotate to generate large lattice spin to 
satisfy the material spin requirement, which led to significant orientation changes. When the 
resulting overall plastic rotation rate was zero, the lattice spin was equal to the material spin so 
that the lattice rotated simply in the direction of the imposed material rotation. Dominant slip 
and multiple slip competed against each other to minimize the total energy consumed in the 
system, which is assumed to be responsible for texture evolution of nickel single crystal during 
the HPT process. 
Grain refinement simulation of nickel single crystal has also been carried out. The predicted 
grain maps were capable of reflecting the prominent characteristics associated with grain 
refinement during the HPT process. It has been found that there were mainly two reasons that 
were responsible for the grain fragmentation of the nickel single crystal: one was the difference 
in lattice rotation rate along the radial direction which is the direction of predominant lattice 
rotation in HPT. The occurrence of divergence in R-axis rotation rate was because lattice did not 
rotate uniformly with respect to the increasing plastic deformation in HPT; another one was the 
divergence of rotation angles along the tangential direction, even though much smaller than 
the R-axis rotations, could also contribute to the formation of grains surrounded by boundaries 
with high misorientation. 
Plastic deformation behavior along the circumferential direction of the initial (001) aluminum 





deformation, Mises stress and critical resolved shear stress (CRSS) were not homogenously 
distributed along the circumferential direction and a four-fold-symmetry distribution pattern 
occurred on the sample surface. Because of the variations in the initial orientation along the 
circular direction of the disk-shaped single crystal, the introduced plastic strain activated 
different slip systems at different circumferential positions. Circumferential positions deformed 
by different slip modes resulted in differences in lattice rotations and crystallographic 
orientation changes and showed different mechanical behaviors, which is assumed to be 
responsible for the development of plastic deformation heterogeneity along the circumferential 
direction of the sample. For higher strains, the non-homogenous distribution of CRSS along the 
circumferential direction became weak. This was mainly due to that some crystals has almost 
reached the saturate level of strain hardening while some crystals underwent further hardening. 
For even higher strains, such a heterogeneous distribution of the CRSS grew even weaker due 
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Chapter 1 Introduction 
Interest in the use of severe plastic deformation (SPD) to produce ultra-fine grained (UFG) 
structure of different materials has developed a great deal over the last two decades [1–5]. UP 
to now, several different SPD processing techniques are available. These include equal channel 
angular pressing (ECAP) [6–9], high pressure torsion (HPT) [10–14] and accumulative roll 
bonding (ARB) [15–19] and so on. Compared with the other SPD methods, the most important 
advantage of the HPT process is that extremely high shear stain can be continuously achieved 
via simple means [10]. Due to its incomparable straining capacity, HPT has attracted extensive 
research interest for the fabrication of UFG materials, including pure metals, alloys, 
intermetallics, metal matrix composites and amorphous alloys [11].  
It has been well known that most excellent properties of UFG materials produced by the HPT 
process are strongly relevant to the micro-scale features, such as crystallgraphic texture, grain 
size, grain misorientation etc. Up to now, extensively experimental measurements of 
microhardness [14,20–29], microstructure [20,22,30–42] and texture [43–57] over a wide range 
of HPT processed materials have been conducted. These experimental measurements revealed 
that HPT was more effective in producing exceptionally small grain size and a much higher 
fraction of high-angle boundaries than other SPD technique. The experimental observation is 
undoubtedly essential to understand the deformation mechanism of HPT. However, it only 
provides limited information. The comprehensive understanding of the HPT process can only be 
achieved by combination of advanced experimental technique and accurate modeling.  
Until now, a few numerical simulations have been conducted for the HPT process. Most 
published simulation work used the classic finite element method (FEM) to investigate the 
geometry change of the sample and distributions of stress and strain during HPT [58–68]. A few 
pioneering studies have been carried out to understand the deformation behaviors in HPT using 
models integrated with crystal plasticity theory. Estrin et al. simulated HPT using gradient 
plasticity modelling [25], in which the constitutive formulation used was based on a phase 




mixture model in which the dislocation cell walls and the cell interiors were considered as 
separate phases with different dislocation densities. They have successfully interpreted the 
occurrence of a uniform micro-structure as a result of an inherently non-uniform deformation 
along the radial direction of the HPT sample [69]. Kratochvil et al. interpreted the grain 
refinement process of HPT within the framework of crystal plasticity [70,71]. However, due to 
these simpifications (rigid-plasticity, rate-independent and uniform deformation of plane-strain 
double slip), this model provided only limited valuable information for the grain refinement 
mechnism of HPT. Hafok and Pippan predicted the crystallographic orientations development of 
nickel single crystals during the HPT process using a fully constrained Taylor model [48]. The 
simulation results in [48] revealed that the Taylor-type model failed to give satisfactory 
predictions compared to the experimental measurements. Lee et al. carried out the FEM 
simulations of the HPT process based on a dislocation density-based constitutive model [72,73]. 
They only studied the dislocation density and dislocation cell size evolution with the progressive 
HPT straining and it is insufficient to fully understand the deformation mechanism during the 
HPT process.  
Limitation of current modelling for the HPT process is that the real HPT process has not been 
modelled correctly and it has always been over-simplified as simple shear. For a better 
understanding of the deformation mechanism during the HPT process and for the aim of 
industrial engineering application of HPT in the future, a crystal plasticity finite element method 
(CPFEM) model, which has been recognized as one of the best models for the predicting of 
plastic deformation of crystalline materials [74], is developed to simulate the plastic 
deformation behavior, texture evolution, and grain refinement during the HPT process.  
This thesis consists of 8 chapters set out as follows: 
Chapter 2 presents a brief overview of the HPT process. The experimental measurement results 
of microhardness, microstructure and texture are presented and summarized. The existing 
models used in the HPT research including the FEM model, analytical model, Taylor-type model 
and dislocation density based CPFEM model, are introduced. The advantages and disadvantages 
of the HPT simulation methods are reviewed.  




Chapter 3 introduces the three-dimensional FEM model of the HPT process. The evolutions of 
Mises stress and strain with increasing HPT deformation are presented. The simulation results 
are compared to the experimental measurements to validate the developed FEM model. This 
chapter lays a model foundation for CPFEM studies in the following chapters. 
Chapter 4 introduces the crystal plasticity theory and rate-dependent hardening model. The 
procedures of implementing the crystal plasticity constitutive model into the user material 
subroutine (UMAT) of ABAQUS software are outlined. For the first time, the CPFEM model of 
the HPT process of single crystals is constructed.  
Chapter 5 presents the CPFEM simulations of texture evolution of nickel single crystals during 
the HPT process. The developed CPFEM models are verified by comparing the simulation results 
with the experimental measurements. The simulated texture results are investigated in detail 
to obtain the underlying mechanism. 
Chapter 6 presents the CPFEM simulations of grain refinement of nickel single crystal during the 
HPT process. The main purpose of this chapter is to study how an original single crystal 
fragments into many differently oriented grains after HPT deformation and to explore the 
underlying mechanism. 
Chapter 7 presents the CPFEM simulations of plastic deformation behaviors of aluminum single 
crystal during the HPT process. The plastic deformation heterogeneity along the circumferential 
direction and the underlying mechanism are investigated in detail. 
Chapter 8 summarizes the research findings obtained in this thesis and some recommendations 
for future research are also offered. 
 




Chapter 2 Literature Review 
This chapter contains a substantial amount of information on topics considered essential to the 
understanding of plastic deformation, texture evolution and grain refinement etc. and their 
underlying mechanisms during the high pressure torsion process. 
2.1 Severe Plastic Deformation 
The average grain size plays a dominant role in the mechanical and physical properties of 
crystalline metal materials. Most of these properties benefit greatly from the grain size 
reduction. Therefore, grain size control has long been recognized as a way to produce material 
with designed properties. Among the procedures devised for grain refinement, severe plastic 
deformation (SPD) techniques are of particular interest owing to their exceptional ability of 
producing bulk ultrafine-grained (UFG) or even nanocrystalline structure materials. Compared 
with conventional coarse grained materials, UFG materials produced by SPD techniques show 
excellent physical and mechanical properties such as ultrahigh strength [36,41,75–77], low 
temperature and/or high strain rate superplasticity [78–80], enhanced fatigue behavior [81,82], 
and superior corrosion resistance [83], which are comprehensively summarized in the review 
papers [3–5,11,14]. For these reasons, in recent years, UFG materials have attracted significant 
interest from many modern industries including aerospace, defense, automotive, medical 
devices, sports equipment, and micro systems. 
Up to now, many different SPD techniques have been developed, such as HPT [20,21,31–
33,40,42,84–88], ECAP [6–9,89–98], ARB [15–19,99–102], multidirectional forging (MDF) [103–
105], twist extrusion (TE) [106–109] and their derivative process, such as high pressure tube 
twisting (HPTT) [52,110], tube high pressure shearing (THPS) [111], frictional stir welding (FSW) 
[112–116], rotary-ECAP [117], cyclic extrusion-compression (CEC) [118,119], multiple direct 
extrusion (MDE) [120], axisymmetric forward spiral extrusion (AFSE) [121] and simple shear 
extrusion (SSE) [122–124]. These techniques are fundamentally different, but they all introduce 




large plastic strain during deformation to achieve extreme grain refinement without any 
significant change in the overall dimensions of the work piece. In the following text, several 
frequently used SPD techniques, namely ARB, ECAP and HPT will be summarized. 
ARB was first proposed by Saito et al. [15,99]. The principle of the ARB process is represented 
systematically in Fig. 2.1 [15]. Stacking of sheets and conventional roll-bonding are repeated in 
this process. First, a strip is neatly placed on top of another strip. The interfaces of the two 
strips are surface-treated in advance in order to enhance the bonding strength. The two layers 
are joined together by rolling, as in the conventional roll-bonding process. Then, the length of 
the rolled material is sectioned into two halves. The sectioned strips are again surface-treated, 
stacked and roll-bonded. ARB was successfully applied to a wide range of materials, including 
commercial-purity (CP) Al, the Al–Mg Al–Mg alloy AA5083 and interstitial-free steel, and was 
also used to process Al- and Mg-based laminated structures and composites [101]. In addition, 
ARB can be applied for the production of metal–matrix composites by sheathing mixed 
powders and subjecting them to a roll-bonding process [16].  
 
Fig. 2.1 Schematic illustration showing the principle of the ARB process [15]. 
During the ARB process the microhardness increases rapidly after the first rolling cycle and then 
it dwindles until it becomes saturated by further ARB cycles, as shown in Fig. 2.2 [19]. The 




saturation of hardness at high cycles is caused by the steady-state density of dislocation due to 
a dynamic balance between the generation and annihilation of dislocation caused by the 
dynamic restoration phenomena [19]. The ARB process is very effective in grain refinement, 
and the average grain sizes of about 200 nm and 80 nm can be obtained in AA5083 with an 
initial average grain size of 25 µm after four and six rolling cycles respectively, as shown in Fig. 
2.3 [19]. 
The greatest technological advantage of ARB is that it makes use of a conventional rolling 
facility. The main drawback of the ARB process is its poor bond strength, although it can be 
improved by the application of nano-particles before stacking. Moreover, the ARB process is 
only suitable for sheet metals [18,102].  
 
Fig. 2.2 The variation of microhardness along the thickness of the ARB processed AA5083 [19]. 
 





Fig. 2.3 TEM microstructures and the matching SAD patterns of ARB processed AA5083 by (a) 2, (b) 4, 
and (c) 6 cycles [19]. 
In practice ARB can be assumed as a plane strain deformation process, which means that the 
effective plastic strain during ARB can be estimated by [102]: 










        (2.1) 
where h0 is the initial thickness of the stacked sheets, hf is the final thickness after the ARB 
process and N is the number of rolling cycles. If the reduction per rolling cycle can be 
maintained at 50%, Eqn. (2.2) can be simplified to the form [99] 
𝜀 = 0.8N       (2.2) 
ECAP, also called equal channel angular extrusion (ECAE), was first proposed by Segal and his 
co-workers who wanted to transform simple shear into ordinary and effective production 
operations [90]. The ECAP process has drawn significant attention since the early of 1990s 
[8,9,89,95]. The principle of ECAP is illustrated schematically in Fig. 2.4 [92]. In ECAP, a bar 
shaped billet is pressed through a die that has two channels with an equal cross-section 
intersecting at an angle φ which varies from 60° to 150° [96]. During the ECAP process, the 
cross-sectional dimensions of the billet remain unchanged, thereby permitting repetitive 
pressing that leads to accumulation of very large strains. For example, the equivalent (von 
Mises) strain, ε𝑒𝑞, introduced per pass in ECAP with a 90° angle between the channels amounts 
to 1.15 [6]. Furthermore, it is possible to initiate different slip systems by rotating the sample 
between each pass [90]. Different ECAP variants involving rotations of the billet about the 
pressing axis between the passes are possible, and they generally lead to different results in 
terms of the microstructure and texture produced. The definitions of these ECAP routes can be 
found in Ref. [93]. 
 
Fig. 2.4 Schematic illustration of the ECAP process [92]. 




















)]     (2.3) 
where 𝜀𝑁 is the accumulated equivalent plastic strain, N is the number of ECAP passes, φ is the 
die channel angle, and ψ is the outer corner angle. 
 
Fig. 2.5 Microstructural evolution in an Al–1% Mg alloy processed by ECAP [98]. 
The microstructural evolution occurring in FCC metals during processing by ECAP is now well 
documented, and an example is shown in Fig. 2.5 using OIM with samples of Al–1% Mg solid 
solution alloy processed by ECAP using route BC with a die having internal angles of ϕ = 90° 
and ψ = 20° [98]. Fig. 2.5(a) is for the unprocessed material with an initial grain size of 350 μm, 
and Figs. 2.5(b)–(g) shows samples processed through 1, 2, 4, 6, 8 and 12 passes, respectively. 
Elongated subgrains could be observed after 1 pass and then an evolution to an ultrafine-




grained structure with grain sizes of ~700 nm after 8 and 12 passes but with some larger grains 
remaining even after 12 passes. Moreover, the fraction of high-angle boundaries is initially low 
but increases to ~50% after 4 passes and continues to increase to ~74% after 12 passes.  
2.2 High Pressure Torsion  
The high pressure torsion process was first investigated by Bridgman early in 1943 [125]. In his 
experiments, attention was not paid to the microstructure change taking place in severely 
deformed metals. Another implementation of HPT was carried out by Erbel [126]. The specimen 
was a short ring with conical faces whose virtual extensions met at the axis of the apparatus. 
The conical matching faces of the punches had radial teeth to facilitate the application of 
torque. The ring specimens were constrained from all directions which created a condition 
closer to hydrostatic pressure. Since the 1990s, HPT experiments have been extensively carried 
out using devices under high pressure as described in Fig. 2.6 by Valiev et al. [127–129], 
Zhilyaev et al. [11,20,31,35,130], Horita, pippan et al. [21,37,131,132], Langdon et al. [5,11,14] 
and many others to produce ultra-fine grained materials. Today this technique is appreciated by 
many researchers as the one that allows the most efficient grain refinement [4].  
The principle of processing by HPT is illustrated schematically in Fig. 2.6 [47]. The thin-disk 
shaped sample is located between two massive anvils. First, the specimen is subjected to a 
compressive pressure, P, of several GPa applied on one anvil at room temperature. After that 
the specimen is subjected to a torsional strain imposed by rotating the other anvil such that the 
surface frictional forces deform the disk by shear. Due to the specific geometry shape, the main 
volume of the material is strained in conditions of quasi-hydrostatic pressure. As a result, in 
spite of large strain values, the deformed sample is not destroyed. 
In practice, there are three different types of HPT, which depend upon the geometry of the 
anvils and the degree of restriction imposed on any lateral flow during the processing operation 
[11,14,47]. In unconstrained HPT, as shown in Fig. 2.6(a), the anvils are flat so that the material 
flows outwards in an unconstrained manner during processing. In fully constrained HPT, the 
disk is placed within a cavity in the lower anvil, a plunger from the upper anvil enters the cavity, 




and there is no lateral flow during processing (see Fig. 2.6(c)). In practice, however, most of the 
HPT processing is now conducted under quasi-constrained conditions as illustrated in Fig. 2.6(b), 
where the disk is contained within depressions on the inner surfaces of the upper and lower 
anvils, the disk thickness is slightly larger than the combined depths of the two depressions, 
and some limited outward flow occurs during torsional straining. 
  
Fig. 2.6 Schematic illustration of the principle of high pressure torsion process of (a) unconstrained HPT, 
(b) fully constrained HPT and (c) quasi-constrained HPT [47]. 
The equivalent strain, 𝜀𝑒𝑞 , imposed on the disk through the torsional straining is given by the 




      (2.4) 
where N is the rotation numbers, r is the radial distance away from the center of the specimen, 
and h is the depth of the specimen. 
Theoretically HPT can proceed for infinite revolutions. One hundred HPT revolutions, which are 
usually not difficult to apply in practice, correspond to an equivalent strain of 1800 [10]. Such 
large strains are impossible to obtain with any other SPD techniques. Moreover, among these 
SPD methods, early investigations suggested that HPT was more effective in producing 
equaxied character grains with exceptionally small grain size and could develop homogeneous 
microstructure with predominately high-angle grain boundaries [5,11]. The HPT process is the 
focus of this study and will be summarized in the following text.  




2.3 Experimental Measurements of HPT Processed Materials 
2.3.1 Microhardness evolution during HPT  
In order to investigate the mechanical properties of the samples deformed by HPT, the tensile 
test needs to be conducted. However, since the samples deformed by HPT normally have thin 
disk shape and it is difficult to fabricate the dog-bone from such a sample. Instead, 
microhardness examinations are usually carried out by the researchers, mostly by taking 
measurements of the Vickers’s microharness, HV.  
For a disk-shaped specimen deformed by HPT technique, the main problem is the non-
uniformity of deformation. During HPT straining, according to Eqn. 2.4, the strain applied on the 
specimen is not identical along the radial direction, the strain values in the disk center should 
be zero, increasing linearly to reach the maximum at the edge. As a consequence of this 
variation, the inhomogeneous microhardness distribution is expected. However, this is not 
supported by numerous microstructural observations and microhardness measurements 
showing a reasonably uniform distribution of grain dimensions and microhardness, provided 
the compressive pressure and the number of revolutions of the anvil are sufficiently large. 
Indeed, as shown in Figs. 2.7 and 2.8, at the early stage of HPT deformation, HV measurements 
performed along the diameter of HPT-deformed CP Al [34] and Al 1050 [29] revealed lower 
hardness at the center compared to the periphery region. However, with increasing numbers of 
HPT turns, the HV values in the center increased and the difference between the center and the 
edge region decreased. When the applied strain reached a sufficient high level, a reasonable 
level of homogeneity across the diameters of the disks could be realized. This trend towards 
microhardness homogeneity has also been reported in many HPT deformed materials, such as, 
copper and copper alloys [21,30,37,134], high purity Ni [20,22,135], Al and Al alloys 
[24,26,27,29,136]. It is referred to the review paper [14] for more details. Now this gradual 
evolution towards homogeneity has already been successfully modeled by Estrin Y etc. using 
strain gradient plasticity theory [69]. Vorhauer and Pippan [136] explained this discrepancy by 
the fact that it is virtually impossible to realize an ideal HPT deformation due to the 
misalignment of the axes of the anvils. 





Fig. 2.7 Microhardness distribution across the diameter of a CP Al processed using a constrained HPT 
facility at 1 GPa up to 8 turns [34].  
 
Fig. 2.8 There-dimensional representation of HV microhardness of Al 1050 samples processed by HPT 
[29]. 
For different materials produced by HPT, the evolution of homogenous microhardness is 
anticipated if the stain deformation is large enough, however, there is a significant dichotomy 
at the early stage of the HPT process which is attributed to the variations in the rates of 
recovery of these materials, as shown in Fig. 2.9. For materials with low recovery rates, 
investigations revealed lower values of hardness in the center region and higher values at the 
edge region in the early stages of torsion straining. The hardening occurred in the absence of 
any significant recovery as in a wide range of metallic alloys, such as Cu [21,25], Ni [20,22] and 




Al alloys [26,137]. On the contrary, the high stacking fault energy in materials such as high-
purity aluminum [26,137,138] led to easy cross-slip and rapid recovery, the hardness values 
were higher in the center region of the disk at low total strains in HPT. 
 
Fig. 2.9 Schematic illustration of the variation of the Vickers microhardness across the disk at low total 
strains in HPT processing for materials having either slow (lower) or fast (upper) rates of recovery [24]. 
 2.3.2 Microstructure Evolution during HPT  
Previously reported studies associated with HPT were devoted extensively to observe the 
microstructure evolution using various optical microscopes over a wide range of materials. The 
microstructural characteristics of HPT processed samples have been investigated and were well 
documented in the review papers [4,5,11,13]. The representative results are shown in Fig. 2.10 
where polycrystalline high purity aluminium was subjected to an applied pressure of 1Gpa and 
then torsionally strained through (a, b) N=1/8 turn, (c) N=1/4 turn and (d) N=1 turn [139]. At the 
early stage of deformation, the grains subdivided and a network of closed deformation-induced 
subgrains bounded by LAGBs were formed within these larger grains. Grain size at the center 
and edge and region was measured as ～250μm. At the center region there was a large average 
spacing between the subgrain boundaries, at the periphery, however, the average spacing 
between the low-angle boundaries was very small; With the increasing level of applied strain, 
the boundary spacing decreased while the boundaries misorientation gradually increased and 
finally the fraction of grains having high angle boundaries has increased. At this stage the 




microstructure was heterogeneous with some regions having subgrains and a high density of 
dislocations and other regions having ultrafine grains with relatively few dislocations. The grain 
size at the edge region was reduced to ～5μm; With increasing applied strain, many equiaxed 
grains having different orientations surrounded by well-defined HAGBs dominated the 
microstructure. Grain size at the edge region was further reduced to ～2μm. Orlov et al. [140], 
Hansen et al. [38] and Horita [132] also reported that the similar three stages of microstructure 
evolution, specifically, the first stage, the transition stage and the saturation stage, could be 
distinguished during different strain levels of HPT deformation. Hansen et al. [38] and Zhilyaev 
et al. [31][141], measured the distribution of grain boundary misorientations in ultrafine-
grained nickel processed by HPT, as shown in Fig. 2.11. With increasing HPT deformation, high 
angle grain boundaries were gradually produced, leading to a typical bimodal distribution with 
one peak appearing at low angles and another peak at high angles.  
 
Fig. 2.10 Images obtained by EBSD for disks processed by HPT where (a) shows 1/8 turn near the center, 
(b) shows 1/8 turn near the edge, (c) shows1/4 turn near the edge and (d) shows 1 turn near the edge 
[139]. 
 





Fig. 2.11 Misorientation angles across boundaries (GNBs and IDBs) for HPT deformed Ni in the form of 
histograms [38]. 
In the case of a single crystal, the condition becomes different as the dislocation gliding is not 
constrained by boundaries and there are no differences between different grains like in 
polycrystals in the early stage of deformation. The absent of initial boundaries and the effect of 
the overall initial orientation of the crystals could aid the understanding the microstructure 
evolution during HPT. So far, single crystals have been widely used in the field of SPD on equal 
channel angular pressing to investigate the deformation heterogeneity [142–145]. However, 
single crystal experiments of HPT have been few reported in the literature except for Hafok and 




Pippan’s work. They performed successive experimental investigations of single crystal nickel 
[48,146,147]. Fig. 2.12 shows the microstructure evolution of Ni single crystal with increasing 
HPT straining of (a) 1, (b) 1.5, (c) 2.25, (d) 3, (e) 4, (f) 5, (g) 8, (h) 12 and (i) 32. The EBSD-scans 
results were obtained in the top view (RD-TD section) with 30 μm X 30 μm. In the case of a 
single crystal, no boundaries were present in the as-received state. All boundaries, formed 
during deformation, were induced by plastic strain. In the beginning, the dislocation density 
increased during deformation and a few low angle boundaries were formed. These boundaries 
consisted of a band shaped structure aligned in the radial direction, as shown in Fig. 2.12(a). 
The bands got more pronounced in Fig. 2.12(b). In the centre of this boundary plot, a band 
bordered by high angle boundaries has evolved, while the interior of the band was subdivided 
by cell structures consisting of low angle boundaries. Outside the band the initial 
crystallographic orientation was distorted weakly, indicated by the low density of low angle 
boundaries. With increasing equivalent strain the bands subdivided, more and more high angle 
boundaries formed, and the structure in-between transforms to equiaxed cell structures 
bounded by high angle boundaries. This microstructure decreased its size until the saturation 
region of the torque curve was reached. Most of the structure elements have developed a 
minimum structure size which could not be further decreased by deformation, as was apparent 
through a comparison of Fig. 2.12(g)-(h). The structure size in this region of saturation was 
around 380 nm, as shown in Fig. 2.13(a). Fragmentation of the original Ni single crystal 
microstructure led to an increase of the misorientation angle between adjacent structure 
elements. The obtained misorientation angle distribution for different equivalent strains in Fig. 
2.13(b) showed that: at the very low equivalent no high angle boundaries existed, and the 
distribution showed a strong decline up to a misorientation of approximately 10°. By increasing 
the equivalent strain the misoriention angle between different structure elements increased 
and this led to a second peak at a misorientation angle of approximately 53°, indicating the 
formation of high angle boundaries during deformation.  





Fig. 2.12 Structure development with increasing equivalent strain of the nickel <111> single crystal 
recorded in top view. The scans refer to the following equivalent strains (a) 1, (b) 1.5, (c) 2.25, (d) 3, (e) 4, 
(f) 5, (g) 8, (h) 12 and (i) 32 [48]. 





Fig. 2.13 (a) The decrease in structure size with increasing equivalent strain. (b) Misorientation angle 
distributions recorded at different equivalent strains [48]. 
The main aim of SPD processing is to produce grain refinement and the ensuing strengthening 
of the processed material. There is no longer any doubt that this is achievable with most 
malleable and even with many hard-to-deform materials, and innumerable experimental 
results documented in the review articles [1–5,11,12,14] are a convincing testimony to that. 
The existing microstructure evolution theory was obtained based on experimental 
investigations over a wide range of materials. All these microstructure observations 
demonstrated a gradual evolution of microstructure with subgrains bounded predominately by 
LAGBs evolving into an array of ultrafine grains by boundaries predominately having high angles 
of misorientations. Despite the body of experimental evidence, there are different explanations 
for the microstructure process from various perspectives, which are summarized as follows:  
The most commonly accepted type of grain refinement mechanism due to large strain induced 
by HPT are based on the notion that a dislocation cell structure, which forms already in the 
early stages of plastic deformation, gradually transforms to the final fine grain structure [4]. 
This is believed to occur through continual decrease in the average grain size accompanied by 
accumulation of misorientation between neighbouring dislocation cells. This mechanism is 
discussed in detail by Estrin and Vinogradov in the review paper [4]. 




An alternative explanation would be the source-sink mechanism for dislocations. Accordingly, 
dislocations can be generated, trapped, or annihilated at the boundaries. During deformation 
the dislocations glide through the grain and contribute to the local deformation. When the 
dislocations reach the boundary region they can be trapped or annihilated by other dislocations. 
The source-sink model can also describe the local deformation in the vicinity of the boundary 
due to the storage and annihilation of dislocations. A description can be given by considering 
the boundaries as disclination dipole walls [148]. Dislocations can be trapped or emitted from 
such a boundary [149]. The continuous increase of dislocation density can be prevented by 
dynamic recovery due to the rearrangement of dislocations in the boundary layer. For that 
reason, dynamic recovery could establish a minimum structure size that cannot be further 
decreased by deformation. For example, Horita and his co-workers [87,132], Ivanisenko et al. 
[150] investigated the grain refinement phenomenon during the deformation process of high 
purity Al and Cu and Armco iron in HPT by focusing on the dislocation behavior and the 
formation of high angle boundaries. They found that the hardness with the straining values 
could be divided into three stages, as shown in Fig. 2.14(a); during the first stage, the subgrain 
boundaries formed due to the accumulation of dislocation, during the second stage, the 
dislocation were absorbed at grain boundaries and misorientation angle increased, and in the 
third stage, there was a balance between dislocation generation and the absorption at high 
angle boundaries.  
(To be continued) 





Fig. 2.14 (a) Three regions I, II and III defined in hardness variation with equivalent strain of pure 
aluminium. (b) Schematic illustration of microstructural evolution with straining along with descriptions 
occurring in regions I, II and III defined in Fig. 2.14(a) [132]. 
Pippan et al. proposed the intergranular gliding of dislocations and the crystal lattice rotation 
model after examining the microstructure of Ni [151,152] and Cu [85] deformed by the HPT 
process. In order to maintain the continuity during HPT deformation, neighbouring grains will 
exert stresses on each other so that the local stress field will vary within one grain. As a 
consequence, different sets of slip systems will be activated within one crystal and thus leading 
to diverging crystal lattice rotations towards different preferred texture components. With 
large applied strains, the continual rotation can lead to significant intergranular misorientation. 
Such a mechanism promotes fragmentation of the microstructure. Barnett and Montheillet 
[153] learned about boundaries generated during torsion deformation and found that that the 
new high-angle boundaries were associated with a subgrain rotating away from the parent 
grain in the same sense and around the radial direction, the main cause of the high-angle 
boundaries was a difference in rotation rate. Zhilyaev, et al. [31,141] inspected the ultrafine-
grained nickel processed by HPT and assured that three deformation processes occurred during 
the plastic deformation: dislocation slip gave a high fraction of low angle grain boundaries, a 
rotation mode of deformation led to the creation of high-angle boundaries, and dynamic 
recovery accompanied by increasing of special GBS (including twins). Among the three 




deformation processes, the latter two processes were more pronounced during the HPT 
process.  
On the other hand, the experimental observations of Vinogradov et al. [154] and others 
[78,155,156] seem to support grain boundary sliding (GBS) at room temperature. In the paper 
of Vinogradov the micrographs obtained by transmission electron microscopy and atomic force 
microscopy (AFM) after a tensile test were used to reveal the deformation mechanism of 
ultrafine-grained nickel and copper produced by ECAP. It was reported that shear bands formed 
that were oriented 45° to the loading axes. The AFM measurements showed pronounced slip in 
the grain boundary region, which led to the authors to conclude that deformation was 
concentrated at the grain boundary and the grain interior remained nearly undeformed. This 
deformation appeared in the shape of pronounced steps in the boundary region. Due to the 
high deformation in the boundary region, GBS was proposed as the main deformation 
mechanism. 
Grain refinement by HPT implies the creation of new high angle grain boundaries (HAGBs). 
According to Sevillano et al. [157], formation of new HAGBs could be accomplished by three 
mechanisms. The first is the elongation of existing grains during plastic deformation, causing an 
increase in high angle boundary area; the second is the creation of high angle boundaries by 
grain subdivision mechanisms; the third is that an elongated grain can be split up by a 
localization phenomenon such as a shear band. The second mechanism is probably the most 
important one for HPT deformation. Grain subdivision starts at low to medium strains when 
grains break up into cells and cell blocks [158]. With increasing strain this substructure evolves 
towards a lamellar structure. During this process new high angle boundaries are generated. This 
happens by the simultaneous action of a microstructural and a texture mechanism [159]. The 
former starts at low deformations and consist in the accumulation of dislocations in the cell and 
cell block boundaries in which the misorientions gradually increase with increasing strain. Some 
boundaries remain low angle boundaries but a significant fraction evolves into medium-high 
angle boundaries mostly in the range 15°-30; the texture mechanism involves different slip 
system combinations and strain. Different parts of a subdivided grain rotate towards different 




end orientations. Large crystal rotations are required to bring the starting texture to the final 
preferred texture. This can generate very high misorientations in the range 20°-60°.  
The fundamental parameters that influence the microstructure development during the HPT 
process, such as applied hydrostatic pressure [31,137,160], strain hardening [1,2,31,34], 
stacking fault energy [13,37,150,161] and deformation temperature [152,162] and so on, have 
also been widely studied. 
2.3.3 Texture Evolution during HPT  
Texture is defined as preferred orientation and it is very important due to its influence on 
material properties such as Young’s Modulus, Poisson’s ratio, strength, ductility, toughness, 
electrical conductivity, and so on [163]. Texture is commonly represented by Miller indices, pole 
figure, inverse pole figure or orientation distribution function (ODF). The main advantage of the 
Miller indices notation is that it highlights important planes {h k l} and directions <u v w> which 
are parallel to the principle directions in the sample. For example, the notation of {h k l}<u v w> 
during rolling indicates that the direction <h k l> is parallel to the normal direction (ND) and the 
direction <u v w> is parallel to the rolling direction (RD). The pole figure is a two dimensional 
representation of three dimensional orientation information projected from the reference 
sphere. One direction must be chosen as a pole during projection and ND is typically chosen to 
be in the north pole of the sphere during rolling. The inverse pole figure is similar to the pole 
figure and it is the orientation that represents the sample coordinate system in the crystal 
coordinate system. Inverse pole figures are often used for axial symmetric samples, where only 
one of the axes is prescribed. ODF is a three dimensional representation of textures and it is 
able to offer a quantitative evaluation with the help of Euler angles, which are shown in Fig. 
2.15 [163]. It should be noted that there are several different conventions for describing the 
Euler angles, with the most widely used being the Bunge’s convention. 





Fig. 2.15 Diagram showing how rotation through the Euler angles φ1, φ, φ2, in the order 1, 2, 3 as 
shown describes rotation between the sample and crystal axes [163]. 
The orientation matrix (g) can be expressed with the three Euler angles as [163] 
g = g𝜑2 ∙ g𝜑 ∙ g𝜑1      (2.5) 















)     (2.8) 
According to the scale of the measured area, texture measurement can be divided into two 
groups, namely macrotexture analysis and microtexture analysis. Macrotexture represents the 
bulk texture of a particular sample and is measured from a large number of grains by means of 
X-ray diffraction or neutron diffraction. Microtexture is measured by Kikuchi patterns with the 




electron diffraction under an electron microscope and represents the texture of individual 
grains. The most widely used measurement is the electron backscatter diffraction (EBSD) 
technique. 
For face-centered cubic (FCC) structured metals, according to [164,165], the ideal orientations 
of torsion texture could be identified as A/A̅, A1
∗/A2
∗ , B/B̅ and C, the corresponding Miller 
indices and Euler angles have been summarized, as shown in Tab. 2.1. It should be noted that 
during the torsion process, the texture indices are defined with respect to the torsional axis and 
the shear direction. Using this convention, the Miller index {h k l} <u v w> denotes an 
orientation that has an crystallographic plane {h k l} parallel to the shear plane and an <u v w> 
direction parallel to the tangential direction. The ideal components of torsion texture have 
been determined for FCC polycrystalline materials in terms of pole figures shown in Fig. 2.16 
[166–168].  
Tab. 2.1 Euler angles and Miller indices for the ideal torsion texture components of FCC materials 
[164,165]. 
 





Fig. 2.16 {111} pole figures showing the main ideal orientations and fiber textures for FCC materials 
[166–168]. 
For FCC structures, there are two partial fibres which are identified as the A and B fibres 
respectively, as shown in the form of pole figure in Fig. 2.16 and in terms of ODF in Fig. 2.17 
[167,169]. The A fibre corresponds to a common (111) shear plane with rotation of the crystal 
around the Z (shear plane) axis, while the B fibre is characterized by a common (110) shear 
direction with rotation around the θ (shear direction) axis of the specimen. The A fibre contains 
four ideal components of A, A̅ , A1
∗  and A2
∗  while the B fibre contains A, A̅ , B, B̅  and C 
components. The properties of these ideal components were discussed in detail in 
[153,167,169–171], which shows that the crystallographic rotation field (see Fig. 2.18) for 
torsion texture possesses a number of interesting features: one is the predominance of single 
sense rotations around the sample radial direction and another is the lattice rotation rate varies 
significantly as a function of crystallographic orientation. Crystals oriented between the ideal 
shear orientations (along φ1 in Bunge notation) have a high lattice rotation rate, while the 
rotation rate drops to near zero for orientations that are near the ideal shear orientations. Thus, 
the lattice rotation rate depends so strongly on orientation that rotating grains near particular 
ideal orientations can remain near those orientations over appreciable strains. 





Fig. 2.17 (a) Positions of the ideal components and locations of the three fibres in the ODF sections [169]. 
(b) orientation persistence map in Euler space (m=0.05) [167]. 





Fig. 2.18 Rotation fields for fixed torsion of fcc material calculated using a full-constraint rate sensitive 
model (m =0.05) for {111}<110> slip. The plots are in the Bunge ODF notation for the Φ2 = 0° and Φ2 =
45° sections [153]. 
Up to now, texture evolution during the HPT process has been studied for a wide range of 
metals and alloys, such as Pure Al [47,49,52], Pure Ni and single crystal [44,45,47,48,172], Pure 
Cu and alloys [43,46,54], Mg and alloys [55,173], Ti [43,174], and may other alloys 
[50,56,57,175–177] and so on. It was found that the ideal texture of polycrystalline materials 
after HPT could be defined directly from those revealed for the case of above mentioned 
torsion texture. Generally, the experimental measurements revealed that the texture 
developed in HPT processed polycrystalline materials possessed the main components of the 
ideal torsion texture but there were significant variations both in the intensity and in the 
relative proportion of each individual texture component at different stage of HPT straining. 
That is to say, different ideal components dominated the developed texture at various strain 
levels of HPT deformation. At high HPT strains, the typical torsion texture usually could be 




developed. Fig. 2.19 shows the representative texture evolution process with increasing HPT 
deformation, where the aluminum A1050 was subjected to a straining of (a) 𝜀 =2, through (b) 
𝜀 =4, (c) 𝜀 =6 up to (d) 𝜀 =8 [52]. In order to follow the general strength of texture, the texture 
component intensities were also calculated and plotted in Fig. 2.20 [52]. It was found that for 
lower strain level, 𝜀 = 2, texture was involved a strong presence of A-fibre orientations which 
dominated the developed texture. At 𝜀 = 4, the A-fibre orientations existed in similar fraction 
but there was a large increase in the volume fraction of the C component. With the increasing 
strain, the C-fibre became dominantly stronger with a slightly increase in B-fibre. Further 
increasing the strain to a shear strain of 20, the C component went up to an intensity of 11 









Fig. 2.19 Texture development of the HPTT deformed Al tubes from shear of (a) 𝜀 = 2  through (b) 𝜀 = 4, 
(c) 𝜀 = 6 up to (d) 𝜀 = 8. Intensity levels: 0.7 1.0 1.4 2.0 2.8 4.0 5.6 (x random) [52]. 





Fig. 2.20 Evolution of the intensities of the ideal texture components as a function of shear (x random) 
[52]. 
It is worthy to note that, texture evolutions in single crystals are different from the 
polycrystalline materials during the early stage of HPT straining. Hafok and Pippan [48,146,147] 
examined the microtexture evolution of Ni single crystals deformed by HPT, as shown in Fig. 
2.21. At relatively small strains levels, in Figs. 2.21(a)-(c), the HPT deformation led to 
microtexture with a particular streaks orientation distribution connecting the initial 
crystallographic orientation, white squares in the pole figure, with the first preferred 
orientation marked by white circles. The first preferred orientation was not stable, as the HPT 
deformation proceeded, more regions occupied an orientation close to the second preferred 
orientation marked by white stars in the pole figure, as shown in Fig. 2.21(d). With increasing 
equivalent strain, the second preferred orientation became smear out (see Fig. 2.21(e)) but a 
maximum in the centre of the (001) pole figure was still visible, as can be seen in Figs. 2.21(f)-
(h). In the saturation region of the torque curve, the crystallographic orientation distribution of 
Fig. 2.21(i) also illustrated a typical torsion texture.  





Fig. 2.21 Texture development of the <111> nickel single crystal. The scan size of the evaluated pole 
figures was 30 μmX30 μm. The (0 0 1) pole figures correspond to an equivalent strain of (a) 1, (b) 2, (c) 
2.5, (d) 5, (e) 8, (f) 12, (g) 16, (h) 32 and (i) 32 [48]. 
2.4. Classic Finite Element Method Simulations of HPT  
The classic finite element method (FEM) model has been widely used to simulate the HPT 
process. The first FEM study of HPT was carried out by Kim et al. [58,59] to investigate the 
deformation geometry of the pure copper workpiece during the unconstrained HPT process. 
They found that the normal pressure varied as a function of the distance to the center of the 




sample which resulted in the sample thickness decreased with distance from the center. 
Rosochowski et al. [61] adopted the FEM simulation to investigate the bulk material 
deformation behavior and the simulation results revealed that the distribution of strain varied 
through the thickness of the sample. Busquet [178] developed a 3D elastic-plastic model to 
study the formation mechanisms of tribologically transformed structures of cylindrical samples 
compressed and sheared between two Bridgeman anvils. Estrin et al. [62] carried out the FEM 
simulation to study the HPT process for thin samples. They found there was a pronounced 
strain gradient existing in the sample surface along the radius within the first turn and further 
predicted that at least eight turns were required to approach uniformity of strain across the 
sample. Figueiredo, et al. [63–65] adopted the FEM modeling to examine the plastic flow 
processes and the distribution of temperature in quasi-constrained HPT process. The effective 
strain distribution along the radial direction on the top surface shown in the Fig. 2.22 indicated 
that there were low levels of strain near the center of the sample and they increased essentially 
linearly with the distance from the center to the edge. Moreover, the strain did not vary along 
the through thickness direction. The mean stresses during processing varied linearly with the 
distance from the center of the disk such that there were higher compressive stresses in the 
disk centers and lower stresses at the edges, as shown in Fig. 2.23. Song et al. [68] constructed 
a FEM model for the quasi-constrained HPT process to investigate the effect of surface friction. 
They found that friction played an important role in the evolution of effective strain and friction 
force influenced the effective strain more in the middle and edge regions than in the central 
region, as shown in Fig. 2.24(a). Furthermore, they reported that there was a critical friction 
coefficient in which the effective strain varied sharply with increasing friction coefficient, as 
could be observed in Fig. 2.24(b). 





Fig. 2.22 The distributions of the effective strains at the top surfaces of one-half of the disks after a 
quarter turn of quasi-constrained HPT under an applied pressure of 1.0 GPa [65]. 
 
Fig. 2.23 The distribution of mean stresses at the top surfaces of one-half of the disks in simulations 
considering N = 1/4 turn, Cf = 0.0 and different applied pressures from 0.5 to 2.0 GPa [65]. 
 
Fig. 2.24 Simulated effective strain distribution on the contact surface of the HPT samples along with the 
different friction coefficient. 




In general, simple continuum-based FEM simulations of the HPT process are capable of 
providing information of mechanical characteristics of HPT processed materials, such as the 
characteristics of material flow, the distribution and evolution of the stress and strain, and the 
changes of sample geometry after deformation. However, unlike the conventional metal 
forming processes, such as forging, rolling, extrusion and drawing, whose primary purpose is to 
control the shape and size of workpieces, the HPT process aims at modifying the 
microstructures and the ensuing properties of the material. Therefore, the most important 
expected outcomes of simulations of the HPT process are those providing information on the 
evolution of microstructural features (texture evolution, grain fragmentation, plastic 
deformation anisotropy) on top of the mechanistic characteristics. 
2.5 Crystal Plasticity Modeling of HPT 
Up to now, only a few efforts have been devoted to simulate the HPT process adopting crystal 
plasticity. These studies can be categorized into three groups. The first group was analytical 
model; the second group was based on the Taylor-type models, and the last group used the 
CPFEM model. 
2.5.1 Analytical Models 
The first type of analytical approaches is based on the idea of dislocation density. Estrin et al. 
[69,179] proposed an analytical model combining the dislocation density based constitutive 
formulation with a particular gradient plasticity frame to describe the deformation behavior of 
copper in HPT. This constitutive formulation was based on a phase mixture model in which the 
material was partitioned in two ‘phases’, the dislocation densities in cell walls and the 
dislocation densities in cell interior. Two distinct physical mechanisms which give rise to 
gradient plasticity, the occurrence of geometrically necessary dislocations and reaction stresses, 
were considered. The found that initially HPT induced a strain non-uniformity that increased 
during approximately two revolutions, subsequent straining resulted in smoothening of the 
strain distribution along the specimen radius, and 5 turns were sufficient to obtain a nearly 
uniform distribution of strain across the entire HPT sample. Also, the predictions of the model 




with respect to the evolution of dislocation densities and the ultrafine grain size produced by 
HPT were in good agreement with experimental results, as shown in Figs. 2.26(a-b) and (c), 
respectively . 
 
Fig. 2.25 Accumulated equivalent strain versus distance from the specimen center with increasing HPT 
deformation [69]. 





Fig. 2.26 Evolution of the dislocation density in the cell walls and cell interiors and the dislocation cell 
size at two different locations [69].  
Another type of analytical model was recently proposed by Kratochvíl and his co-authors 
[70,71,180,181] that considered the HPT shearing imposed by torsion was achieved by 
intergranular glide within the frame work of crystal plasticity to explore a possible mechanism 
of microstructure evolution in materials deformed by HPT. The evolution of the HPT 
microstructure was considered only in a rectangular volume element, as shown in Fig. 2.27(a). 
The proposed model was a simplified version which was restricted to spatially homogenous 
plane-strain, rigid-plastic deformation achieving by two slip systems (Fig. 2.27(b)), and the rate-




independent material response was considered. They found that to satisfy the imposed HPT 
loading conditions, the slip systems had to rotate and change their activities during the 
deformation process and there was a tendency for the double slip to rotate asymptotically 
towards a steady state of single slip, as shown in Fig. 2.28(a). They assumed that the local 
variations in the crystal lattice orientation were responsible for the microstructure 
fragmentation, as shown in Fig. 2.28(b). They further interpretted the size of the subgrains was 
as the result of a competition between these two tendencies: the internal and dissipative 
energy tended to decrease the refined structural size, whereas the interface energy of the cell 
boundaries opposed this tendency.  Despite the proposed model have revealed some features 
about the initiation of the fragmentation and the trends of its evolution, due to too many 
simplifications of the HPT modelling as mentioned above, the knowledge they presented about 
the mechanism of the observed fragmentation into the misoriented structural elements during 
the HPT processing was only qualitative and incomplete. 
 
Fig. 2.27 (a) A volume element exposed to HPT. (b) Schematics of asymmetric double slip with 2∅ = 70° 
[70]. 





Fig. 2.28 (a) Double slip in simple shear with 2∅ = 70°. The evolution towards the stable single-slip 
orientations is indicated by arrows. (1) and (2) indicate the slip systems. (b) Visualization of the 
misoriented microstructure in symmetric double slip [70]. 
2.5.2 Taylor-type Models 
One of the earliest and most widely used crystal plasticity models, referred as fully constrained 
(FC) model, was proposed by Taylor [182]. In the past decades, this Taylor-type models have 
been extensively adopted to study the large strain torsion deformation behaviors, such as 
stress-strain response, shape changes, texture evolution, lattice spin and deformation 
anisotropy over a wide range of polycrystalline metals [183–194]. However, simulations of the 
HPT process using Taylor-type models are rarely reported in the literature. In 2008, Hafok and 
Pippan [48] applied the fully constrained Taylor model to predict the crystallographic 
orientations development of the initially (111)[112̅] oriented nickel single crystal, as shown in 
Fig. 2.29. After an equivalent strain of 2.5, the maximum density of calculated poles occupied 
close to the same orientations shown in the measured pole figure. Moreover, the equivalent 
strains that correspond to the different orientations were also given. By using the calculated 
results it can be seen that the (001)[1̅10] orientation was maintained over a wide range of 
equivalent strains ranging from 0.6 to 2.2, indicating a stable orientation and the (111)[1̅21̅] 




orientation appeared in the measured pole figure at an equivalent strain of about 3–3.5. 
However, the computed results deviated from the measured micro-textures in some ways. The 
preferred orientation was achieved earlier in the experiment than the Taylor modelling. 
Moreover, the Taylor model was unable to predict the scatter in the radial direction appeared 
in the measured poles. In Taylor-type models it is assumed that the plastic strain in all the 
grains of the loaded specimen is the same, and equal to the macroscopically imposed strain. 
The shape and local neighbourhood of the grains are disregarded. The rotation of a given grain 
due to the applied external load is not directly affected by the rotation of neighbouring grains. 
Also, equilibrium between the neighbour grains is not satisfied [195,196]. Therefore, owning to 
these shortcomings of the Taylor model, usually it gave only reasonable predictions of the 
texture evolution during the HPT process. In addition, the Taylor type model rapidly becomes 
inaccurate at large strains [96]. 
 
Fig. 2.29 Comparison between a micro-texture measured for the <111> nickel single crystal, (a), and a 
texture simulation based on the full constrained Taylor model, (b). In the computation, (b), a rough scale 
is given referring the calculated micro-texture evolution to the equivalent strain [48]. 
2.5.3 CPFEM Models 
The crystal plasticity finite element method, which incorporates the crystal plasticity 
constitutive law into a finite element framework, is a powerful simulation tool as it combines 
the FEM’s ability of solving complicated boundary problem and CP’s ability of taking the 




microstructure and deformation mechanisms into account [197]. The FEM serves as the 
boundary problem solver, while at each integration point the material constitutive model is 
based on crystal plasticity theory. Unlike the Taylor-type, the CPFEM accounts for the shape 
and local neighbourhood of the grains, and grain shape change is allowed. The rotation of a 
given grain due to the applied external load directly affects the rotation of its neighbouring 
grains. Because of these features, i.e. accounting for local effects, the CPFEM can be potentially 
used to model local heterogeneity and material failure [198–200]. This is a significant feature of 
the CPFEM, because the other modelling approaches (Taylor and VPSC) are limited in predicting 
the material failure caused by local texture effects. Moreover, in the CPFEM, each grain is in 
direct interaction with the neighbouring grains, and the equilibrium of the forces and the 
compatibility of the displacements are simultaneously satisfied between them using a weak 
form of the principle of virtual work in a given finite-volume element [201]. In addition, various 
constitutive formulations for plastic flow and hardening, based on not only dislocation 
mechanism, but also other mechanisms such as mechanical twinning [202,203], can be added. 
This could result in that one type of deformation mechanism occurs at some material points, 
while other deformation mechanisms or a mixed mechanism may occur at remaining material 
points.  
The first CPFEM simulation was performed by Peirce et al. [204]. With the increase of 
computation power, CPFEM simulations have been extended from simplified 2-D setups with 
two or three slip systems for single crystal [204] and polycrystal [205] to 3-D setup with the all 
the 12 slips system for FCC and complex grain arrangements [206]. The use of CPFEM for FCC 
materials was well established in [207–209]. A recent comprehensive review of CPFEM has 
been done by Roters et al. [199] 
For the various severe plastic deformation techniques, numerous simulation works using 
CPFEM have already been carried out to investigate the plastic deformation behavior in ECAP 
[210–216] and ARB [217–219]. However, up to now, for the HPT process, relatively limited 
studies based on the CPFEM model have been reported in the literature. Recently, Kim et al. 
constructed a dislocation density-based finite element model to analyze the large strain 




deformation behavior of copper under high-pressure torsion [60,72,73]. This model was based 
on the concept that the material comprises two ‘phases’, the dislocation cell walls with 
dislocation density ρ𝑤, and the cell interiors with dislocation density ρ𝑐, which were introduced 
as scalar internal variables of the model. Ref. [60] only focused on the investigation of 
deformation geometry of the workpiece and the strain distribution and development during 
HPT processing, as shown in Fig. 2.30. Therefore, it’s not able to reflect the underlying 
deformation mechanism of HPT processing from the aspect of micro-scale. Refs. [72,73] 
reported that dislocation density increased with the increasing applied strain and tended to 
saturation at large strains, as shown in Fig. 2.31. The simulated results for the dislocation 
density and the grain size agreed with the experimental data, as could be observed in Figs. 
2.32(a)-(b), respectively. However, they only studied the evolutions of dislocation density and 
dislocation cell size with the progressive HPT straining, and it is insufficient to fully understand 
the deformation mechanism during the HPT process.  
 
 
Fig. 2.30 Deformed geometries with effective strain contour (a) after compression: εmax=1.4, (b) 
compression +one turn: εmax =70 and (c) compression +two turns: εmax=133[60]. 





Fig. 2.31 Dislocation density distributions as calculated by FEM: (a) initial, (b) after compression, (c) after 
0.5 turn and (d) after 1 turn [73]. 
 
Fig. 2.32 (a) Comparison of dislocation densities from experimental results and FEM simulations for the 
middle position of the disk samples. (b) Cell size measured by TEM and XRD and calculated by FEM 
simulations [73]. 




2.6 Summary and Research Scope of this Thesis 
HPT processing is one of the most widely used SPD techniques and is proved to be the most 
effective in grain refinement and improving the strength of materials. Compared with other 
SPD processes, the HPT technique offers a large number of advantages [10]. 
1. Most importantly, extremely high shear stain can be achieved in a very simple way. One 
revolution of the 0.8-mm-thick sample corresponds to an equivalent strain of 18 at the 
radius of 4mm. One hundred revolutions, which are usually not difficult to apply, 
correspond to an equivalent strain of 1800. Such large equivalent strains are basically 
impossible to be achieved by other SPD methods. 
2. Most SPDs offer only a stepwise application of stain while HPT permits a continuous strain 
without changing the working conditions. 
3. HPT permits the SPD of relatively brittle or high-strength materials at low temperatures, at 
which severe deformation is often impossible. 
4. HPT is more effective in producing exceptionally small grain size than other SPD technique 
and a much higher fraction of high-angle boundaries is shown after deformation by HPT. 
Up to now, extensively experimental researches related with the HPT process have been 
reported for a wide range of materials, including Ni single crystals and alloys, Al and alloys, Cu 
and alloys, iron, Ti alloys, Mg alloys and so on. The experimental investigations focused on 
measurements of microhardness, microstructure, texture and mechanical properties, etc. of 
HPT processed materials. The experimental observations are undoubtedly essential to 
understanding the deformation mechanism in HPT. However, it only provides limited 
information. The comprehensive understanding can only be achieved by combination of 
advanced experimental technique and accurate modeling. Until now, unlikely the ECAP process, 
only a few numerical simulations have been conducted for the HPT process and the majority of 
the simulations were carried out using classic elasto-plastic FEM method. Although the elasto-
plastic FEM simulations have provided some information of deformation geometry and solid 
mechanics variables, such as stress, strain, temperature and forming load, they were not 
capable of reflecting the deformation principles of HPT from micro-scale. Some analytical 




models and a full constrain Taylor-type model have been developed to investigate the 
deformation homogeneity, microstructure fragmentation and texture evolution during the HPT 
process. Because of their assumptions and simplifications, these models did not give 
satisfactory predictions. Very recently, the FEM simulation of the HPT process based on a 
dislocation density-based constitutive model was carried out. However, they only studied the 
behaviors of dislocation density and dislocation cell size during the HPT process and it was 
insufficient to fully understand the deformation mechanism of HPT. 
In summary, HPT has attracted significant research interests during the last 25 years as this 
metal forming process provides an opportunity for achieving exceptional grain refinement, 
often to the nano-scale, and exceptionally high strength. Extensive papers related to the HPT 
process have been published in the literatures, and the majority of these works dealed with 
experimental observations and measurements over a wide range of HPT processed materials. 
To achieve deeper understanding of the experimentally observed material behaviors, a few 
numerical simulations of HPT have been conducted. However, due the aforementioned 
problems of these models, they only provided limited valuable information or give 
unsatisfactory predictions. Moreover, there are still more problems about texture evolution, 
grain fragmentation and other plastic deformation behaviors needed to be solved.  
In this thesis, a CPFEM model, which is regarded as the best model for the simulation of plastic 
deformation of crystalline materials, has been developed to simulate the HPT process of single 
crystals. The aims and objectives of this thesis are  
(1) to predict the evolution of crystallographic texture with continuous straining during the HPT 
process, to investigate the characteristics of crystallographic slip and lattice rotation and to 
further explore the underlying mechanism of crystallographic texture evolution in HPT;  
(2) to simulate the grain refinement process of initially single crystals with increasing plastic 
deformation in HPT, to investigate how an originally single crystal fragments into many 
different oriented grains after HPT deformation and to reveal the underlying mechanism of 
grain refinement and the formation of HAGBs in HPT;  




(3) to study the plastic deformation anisotropy of HPT deformed single crystals and to figure 
out the relationship between the microscopic crystallographic orientation, slip activity, 
lattice rotation and the macroscopic plastic deformation phenomenon. 




Chapter 3 Finite Element Analysis of HPT 
In this chapter, a FEM model is constructed to simulate the plastic deformation behavior of the 
HPT process using the commercial software ABAQUS. The major challenge in this simulation is 
that as the torsion strain is continuously introduced, the mesh becomes significantly distorted 
by the overall heavy deformation, leading to a deterioration of the numerical accuracy or even 
encountering a convergence problem. In order to overcome this problem, one of the adaptive 
meshing techniques, known as mesh to mesh solution (MTMS) mapping analysis [220] is 
periodically adopted. The Mises stress and equivalent strain distribution and evolution with 
progressive HPT straining are examined and analyzed in details. To validate the constructed 
FEM model, the simulation results are compared with the previously published experimental 
measurements. 
3.1 Adaptive Meshing Techniques 
Three different adaptive meshing techniques are available in the commercial finite element 
software ABAQUS: Arbitrary Lagrangian Eulerian (ALE) adaptive meshing, varying topology (VT) 
adaptive remeshing, and mesh to mesh solution (MTMS) mapping analysis [220]. A brief 
introduction to these three adaptive meshing techniques is given in the following text. 
3.1.1 ALE Adaptive Meshing Analysis 
ALE adaptive meshing provides control of mesh distortion. A single mesh definition that 
gradually becomes smoother within the steps of the analysis has been used. A high quality 
mesh can be maintained throughout the analysis by allowing the mesh to move independently 
of the material, even when large deformation or loss of material occurs. In an ALE analysis the 
element can only be defined as a single material, so a Lagrangian adaptive mesh domain will be 
created. The domain as a whole will follow the material originally inside it, which is the proper 
physical interpretation for most structural analyses. ALE analysis in Abaqus/Standard is 
intended to solve Lagrangian problems and to model the effects of ablation, or wear of 




materials. It can also be used in geometrically nonlinear static, steady-state transport, coupled 
pore fluid flow, and stress, and coupled temperature-displacement procedures. However, the 
application of ALE analysis in Abaqus/Standard is limited due to the following four reasons. 
Firstly, initial mesh sweeps cannot be used to improve the quality off the initial mesh definition 
and secondly, the diagnostic capabilities are limited. Thirdly, this analysis is not intended to be 
used in general classes of large deformation problems and finally, the material properties of the 
fluid do not change as a result of smoothing the mesh [220]. 
3.1.2 VT Adaptive Remeshing Analysis 
VT adaptive remeshing involves the iterative generation of multiple dissimilar meshes to 
determine a single, optimized mesh used throughout the analysis, with the aim of minimizing 
the number of elements and cost of the solution. Therefore, VT adaptive remeshing can be 
used to obtain a mesh which provides a balance between the cost of the analysis and the 
desired accuracy. When incorporating the VT adaptive remeshing into the Abaqus/CAE model, 
the remeshing rules and the remeshing area should be defined first. Then the error indicator 
output variables, the sizing method and size constraints are required. A new and smoother 
mesh in the specified regions will finally be created by sweeping iteratively over the adaptive 
mesh domain. During each sweep of the mesh, nodes in the domain are relocated based on the 
current positions of neighboring nodes and elements to reduce element distortion. In a typical 
sweep a node is moved a fraction of the characteristic length of any element surrounding the 
node. The increasing number of sweeps leads to the increment of the intensity in each adaptive 
meshing increment. The default number is one. Finally the neighboring regions will also be 
remeshed. 
VT adaptive remeshing is very helpful to improve the quality of the simulation results, especially 
in conditions where: (i) it is hard to design an adequately refined mesh near a region of interest; 
and (ii) it is not certain how refined a mesh is required to reach a particular level of accuracy. 
However, several limitations of the application exist. For example, Abaqus/CAE is required and 
only Abaqus/Standard procedures are supported. Besides, only three kinds of elements with 




special shapes including planar continuum triangles and quadrilaterals, shell triangles, and 
quadrilaterals and tetrahedrals can be used [220]. 
3.1.3 MTMS Mapping Analysis 
MTMS mapping is a remeshing analysis technique where a mesh significantly deformed from its 
original configuration is replaced by a mesh of better quality and the analysis is able to continue. 
In MTMS mapping, each mesh subsequent to the initial configuration reflects a solution 
dependent deformed configuration of the model and indicates a component of the overall 
analysis history. The solution variables will be propagated from one analysis to the next. 
When applying the MTMS mapping analysis, it is very important to decide when to remesh. This 
can be done by examining the magnitude of strains that occur during the phase of the analysis. 
One possible criterion for remeshing is extreme element distortion in areas where high strain 
gradients need to be resolved accurately. Another criterion is solution discontinuity. Significant 
discontinuity suggests that remeshing should have done at an earlier increment before too 
much distortion occurs, or the meshes are not fine enough. 
During the MTMS mapping analysis, all the files needed for restart and the output database 
must be required for the old job. The interpolation technique is used to obtain the solution 
variables at the nodes of the old mesh by extrapolating all values from the integration points to 
the nodes of each element, and then averaging these values over all similar elements abutting 
each node. Then the location of each integration point in the new mesh is obtained with 
respect to the old mesh. The variables are interpolated automatically from the nodes of the old 
element to the integration points of the new element. It should be noted that the boundary 
conditions are not carried out over from the old mesh to the new mesh. The boundary 
conditions applied at the beginning of the remeshed analysis should normally be the same as 
those in effect at the step and increment selected from the initial analysis. Although the 
boundary conditions can be altered, the problem may fail to converge if the structure is a long 
way from an equilibrium state. There are no restrictions on applying boundary conditions and 
loads in the MTMS mapping analysis. 




Another advantage of MTMS mapping analysis is that any of the mechanical constitutive 
models available in ABAQUS can be used and there is no restriction on agreement between 
material models in the old and new analyses. The application of MTMS mapping analysis is 
supported for the following five procedures, such as ‘Static stress analysis’, ‘Quasi-static 
analysis’, ‘Fully coupled thermal-stress analysis’, ‘Coupled pore fluid diffusion and stress 
analysis’ and ‘Geostatic stress state’. However, it is only suitable for the continuum elements 
[220]. 
There are several reasons to choose the MTMS mapping approach in this study: 
(1) The ALE analysis is not good at general classes of large deformation problems, whereas 
the HPT process is one of the severe plastic deformations which definitely belong to the 
problem of large deformation and therefore the ALE analysis is not suitable in this study 
[220]. 
(2) The VT adaptive remeshing analysis is not good at controlling distortion and is only 
available for the analyses submitted from Abaqus/CAE [220]. 
(3) The MTMS mapping is suitable to any constitutive models and there is no restriction on 
agreement between material models in the old and new analyses [220]. 
3.2 FEM model of HPT  
The FEM model of the HPT process was constructed using the commercial software (ABAQUS 
6.9-1). As schematically illustrated in Fig. 3.1, it consisted of the sample and the rigid body. The 
initial dimensions of the disk shaped sample were 10 mm in diameter by 0.8mm in thickness. 
Compared to the sample, in this study, the lower anvil shown in Fig. 2.6(b) was regarded as a 
rigid body to restrict the lateral flow of the sample. The radius of the rigid body was 5.01 mm. 
The sample consisted of pure copper (99.99%) material with a Young’s Modulus of 110 Gpa and 
a Poisson’s ratio of 0.34. The stress strain curve of this material can be found in Fig. 3.2 [87]. It 
was assumed that the hardening behavior of the sample was isotropic and independent of the 
strain rate and temperature. C3D8R was the type of element chosen for the sample, and 23600 
elements and 26895 nodes were generated, as shown in Fig. 3.1(a). The friction coefficient 




between the side surface of the sample and internal surface of the rigid body was assumed to 
be 0.1, which is the value generally used in cold metal forming [59]. 
The bottom surface of the sample was fixed. During the HPT process, the main functions of the 
massive pressure are that, on one hand, to ensure that there is no slippage between the 
surfaces of the die and the sample so that the torsion straining could be accurately introduced 
to achieve a large strain level; on the other hand, to ensure that the sample is deformed under 
quasi-hydrostatic pressure condition to prevent the fracture of the processed material so that 
the material could be deformed continuously without any significant changes in the overall 
dimensions. The compressive load does not produce any significant variation in the plastic 
deformation behavior of the processed material and the excellent mechanical properties of HPT 
processed materials are mainly attribute to the introduced large torsion straining. Therefore, in 
this study, the pressure was not considered, instead, the torsion was applied directly onto the 
reference point which was coupled to the top surface of the sample. The other freedoms of the 
top surface except for the axial rotation were all fixed. By this way, the material of the sample 
was deformed under quasi fully constrained condition, the torsion straining could be accurately 
introduced and the shape the sample didn’t change.  
As the analysis proceeded the mesh of the sample became distorted due to the large torsional 
strain, so that the simulations became unstable or breakdown. In order to solve this problem, 
the aforementioned MTMS mapping technique built in ABAQUS was employed. A regular mesh 
was initially used. After a pre-determined revolution of N=1/8 turn, the simulation was stopped. 
A new mesh for the deformed sample was consequently generated. MTMS mapping technique 
was used to transfer all state variable values from the old mesh to the new mesh. The 
simulation then re-started and the above procedure was repeated until the desired 
deformation of N=2 turns was reached.  




                           
Fig. 3.1 Base FEM model of the HPT process 
 
Fig. 3.2 The strain-stress curve of high pure copper [87]. 




3.3 Results and Discussion 
3.3.1 Result of MTMS Mapping 
To examine the capability of the MTMS mapping approach, the equivalent strain (variable PEEQ 
in ABAQUS software) and Von Mises stress results obtained from the N=1/8 turn deformed and 
the consequently new regenerated meshes were plotted respectively, as shown in Figs. 3.3(a)-
(b). The results were recorded along the radial direction ranging from the center of the sample 
to the edge. Seeing from Fig. 3.3(a), there is an excellent agreement in equivalent strain 
between the deformed mesh and the new mesh. Meanwhile, the Mises stress results also 
shows good coincidence apart from the small discontinuity close to core region of the sample 
as a consequence of the solution mapping algorithm. This indicates that the MTMS mapping 
approach is an adaptive remeshing method suitable for simulations of the large deformation of 
the HPT process. 
 
Fig. 3.3 The comparisons of (a) equivalent plastic strain, (b) Mises stress recorded along the radial 
direction between N=1/8 turn deformed mesh and regenerated new mesh. 
3.3.2 Distribution and Evolution of Equivalent Strain 
Since the mechanical properties of the HPT deformed material are directly linked to the 
development of plastic strain induced into the sample, the analysis of the equivalent plastic 
strain distribution and evolution is addressed in this section. Fig. 3.4 shows the distributions of 




the equivalent strain recorded on the half-cut samples for different degrees of rotation from 
N=1/8 turn to 3/2 turns respectively. Three main features can be observed from the predicted 
strain distribution results. First, the distributions of strain are relatively similar for all 
simulations carried out through different numbers of revolutions: a pronounced strain gradient 
exists along the radial direction on the sample surface and the equivalent strain values are 
lowest in the center of the sample and highest at the edge. Furthermore, as the deformation 
proceeds, the introduced equivalent straining increases accordingly. The third important 
feature is that the distribution of equivalent strain is constant in the through-thickness direction 
at any position along the radial direction. This is consistent with the previously published 
experimental measurements [136,151] and numerical simulations [63,65,66,68], in which the 
phenomenon of homogenous deformation along the thickness direction was also reported. 





Fig. 3.4 The distributions of equivalent strain recorded on half samples after processing for different 
revolution numbers of N= (a) 1/8 turn, (b) 1/4 turn, (c) 1/2 turn, (d) 1 turn and (e) 3/2 turns. 
In practice, the level of the equivalent strain is dependent upon the amount of rotation 
imposed on the sample. Fig. 3.5(a) shows the evolution in equivalent strain recoded on the 
sample radius with increasing sample rotation angles from N=1/8 turn to 3/2 turns. Lower level 
of strain could be observed near the center of the sample and there is an essentially linear 
increase away from the center to the edge. It should be noted the values of the equivalent 




strain in the edge regions could be identified as reaching around 2.8, 5.5, 11, 22 and 32.6 after 
processed by increasing revolutions of N=1/8 turn, 1/4 turn, 1/2 turn, 1 turn and 3/2 turns, 
respectively, indicating that the introduced equivalent strain values increase approximately 
proportional to the imposed torsion loading. 
 
Fig. 3.5 (a) The evolution of equivalent strain as a function of distance from the center of the sample 
with increasing revolution numbers of N=1/8 turn, 1/4 turn, 1/2 turn, 1 turn and 3/2 turns, respectively. 
(b) The comparison of equivalent strain results between the ideal theoretical torsion equation and the 
FEM simulation after N=1 turn HPT deformation. 
In the ideal condition of torsion straining, the equivalent strain, εeq, imposed on the sample, is 
given by an expression in the form of, 𝜀eq = 2πNr/(√3ℎ), where N is the number of revolution 
turns, r is the distance from the center of the sample, and h is the thickness of the sample. This 
equation implies that the equivalent strain reaches a maximum at the edge of the sample, but 
reduces to zero at the center of the sample where r=0 mm. To validate the constructed FEM 
model, the equivalent strain along the sample radius after N=1 turn HPT deformation calculated 
by the aforementioned equation was plotted, as shown in Fig. 3.5(b). During the calculation, 
the parameters of N=1 turn and h=0.8 mm were adopted. The comparison between the 
theoretical equation and the FEM prediction shows that the FEM prediction is in well 
consistency with the results obtained by the theoretical equation. However, at r=0 mm, the 
FEM predicted strain does not equal to zero and it increases with the increasing angles of 




sample rotation. After being processed by N=1 turn, the values of the equivalent plastic strains 
around the center region reach more than 2. This is contrary to the prediction of theory of 
torsion. It should be noted that, to solve the severe mesh distortion problem during the large 
strain HPT deformation, several remeshing steps were carried out. The new generated 
elements then acquired an average equivalent strain from the severe deformed old elements at 
the same location. Therefore, the occurrence of a large number of remeshing steps led to an 
attenuation in the distribution of strain close to the center of the sample. This explains the high 
level and curved distributions of equivalent strain near the center of the sample after large 
sample rotations [63]. 
3.3.3 Distribution and Evolution of Mises Stress  
The distributions of the Von Mises stress recorded on the half-cut samples after deformed by 
different numbers of revolutions from N=1/8 turn to 3/2 turns were plotted, as shown in Fig. 
3.6. The simulation results in Fig. 3.6 provide the clear evidence of the gradual evolution of 
Mises stress towards the homogenous distribution in the whole disk with increasing number of 
revolution turns. At the early stage of HPT deformation with N=1/8 turn, as shown in Fig. 3.6(a), 
the Mises stress in all domain of the sample generally increases and there is a significant 
variation along the radial direction with much lower values in the center of the sample than the 
periphery region. The contour plots in Figs 3.6(b)-(c) indicate that an increase in the applied 
torsion straining gives an overall increase in the Mises stress values along the radial direction, 
especially at the edge regions of the sample as anticipated suffered from higher strains within 
this region. After N=1 turn HPT deformation, seeing from Fig. 3.6(d), the outer edge region 
witnesses no further increase and the Mises stress values are saturated at around 440 MPa. The 
area of non-uniform deformation decreases as the number of revolutions increase. When the 
number of sample rotations reaches 3/2 turns, the homogeneity is almost established through 
the whole disk except for the core region, as shown in Fig. 3.6(e). It is therefore reasonable to 
conclude from the results recorded in Fig. 3.6, initially the higher Mises stress values are 
developed around the periphery of the sample, subsequently these regions sweep gradually 
inwards towards the center of the sample, and ultimately the homogenous distribution across 




the whole disk could be anticipated if the torsion straining reaching a sufficiently large level. 
The similar evolutionary tendency has been widely reported by experimental measurements in 
[14,24,25,27–29]. 
 
Fig. 3.6 The distributions of Mises stress recorded on half samples after processing for different 
revolution numbers of N= (a) 1/8 turn, (b) 1/4 turn, (c) 1/2 turn, (d) 1 turn and (e) 3/2 turns. 
The evolution of the Mises stress with increasing HPT deformation is more apparently 
presented in Fig. 3.7 where the Mises stress values were plotted as a function of the distance 




away from the center of the sample after processing by various numbers of revolution turns, N, 
from 1/8 to 3/2. For the condition of N=1/8 turn, it is obvious that the center of the sample is 
characterized by a lower Mises stress. By contrast, much higher stress values are recorded at 
the edge region of the sample. Increasing the numbers of HPT revolutions leads to the overall 
increase in the Mises stress values along the sample radius and the difference between the 
center and the periphery regions becomes smaller. After N=1 turn HPT deformation, the stress 
values at the edge of the sample remain essentially constant and almost unchanged, but the 
central stress values keep on increasing with the increasing number of revolutions. After N=3/2 
turns, the results of the Mises stress demonstrate there is a reasonably level of homogeneity 
across the radius of the sample. 
 
Fig. 3.7 The evolution of Mises stress as a function of distance from the sample center with increasing 
revolution numbers of N=1/8 turn, 1/4 turn, 1/2 turn, 1 turn and 3/2 turns, respectively. 
In order to further validate the proposed FEM model for the HPT process, the experimentally 
measured hardness results as a function of distance from the center of the sample for different 
revolutions numbers of N=1/2 turn, 1 turn and 2 turns (See Ref. [87] for more details of the 
experimental measurements) were plotted to make comparisons with our FEM predictions, as 
shown in Fig. 3.8(a)-(c), respectively. The left vertical axis stands for the hardness 
measurements (unit: Hv) while the right vertical axis represents the predicted Mises stress (unit: 
MPa). Generally, hardness is related to the yield stress or flow stress at a certain strain value. 




Hence, hardness can be represented as a function of distance away from the center of the 
sample. Strictly speaking, hardness cannot replace the stress state of a material. Nevertheless, 
it is useful to approximately estimate the stress state for large strains from the experimentally 
obtained hardness values [73].  
 
Fig. 3.8 The comparisons between the FEM simulations (Mises stress) and experimental measurements 
(Hardness) as a function of distance away from the center of the sample for different revolution 
numbers of N= (a) 1/2 turn, (b) 1 turn and (c) 2 turns. 
Fig. 3.8 shows that the results of the measured hardness and the simulated Mises stress are in 
good consistent at different levels of HPT straining. Close examinations of Fig. 3.8(a) reveal that, 
after N=1/2 turn deformation, the hardness and the Mises stress show the similar distribution 
tendency and generally the predicted Mises stress values are slightly higher than the measured 
hardness. This is mainly because during the whole deformation process of simulation, no 
slippage between the surfaces of the die and the sample was considered, which is basically 




impossible under experimental conditions. When the sample was further deformed to N=1 and 
2 turns, the measured hardness and the predicted Mises stress illustrate better coincidence, 
particularly at regions close to the sample centers and the outer edge regions. In Fig. 3.8(a), at 
the edge region, the Mises stress and the hardness are ~410 MPa and ~125 Hv respectively 
and the ratio between them is about 3.3. In the saturated edge regions, in Figs. 3.8(b)-(c), the 
Mises stress values are ~440 MPa and the hardness are about ~130 Hv with a developed ratio 
of around 3.4. An empirical relationship between the ultimate tensile strength, σ0, and Vickers 





𝐻𝑣                                                                          (3.1) 
Where 𝑛′ is the exponent in Meyer’s law [222], which equals ~2 for fully strain-hardened 
metals.  
Therefore, the Vickers hardness of several metals is proportional to the yield strength, with a 
proportionality constant of approximately 3. The ratio between the predicted Mises stress of 
the FEM simulation and the experimentally measured hardness of is ~3.3, which is acceptable 
compared with the widely used factor of 3. 
3.4 Summary 
In this chapter, a three dimensional FEM model of the quasi fully constrained HPT process was 
constructed using commercial software ABAQUS. The distribution and evolution of equivalent 
plastic strain and Von Mises stress with increasing revolution numbers of HPT deformation 
were presented and analyzed in detail. The following conclusions could be drawn. 
1 Remeshing and mapping solution method of ABAQUS software was adopted to solve the 
severe mesh distortion problem due to heavy deformation in the simulation of the HPT process. 
It has been found that the solution values could be accurately mapped from the old deformed 
meshes to the regenerated new meshes and large angles of sample rotation could be fulfilled. 
Therefore, the MTMs mapping method provides a solution to investigate plastic deformation 




behavior under significantly large strains using FEM simulation, such as the HPT process in this 
study. 
2 The predicted equivalent strain results showed that within the whole volume of the sample 
the effective strain did not vary along the thickness direction. The equivalent strain values 
illustrated an approximately linear increase as a function of the distance from the sample 
center and increased approximately proportional to the increasing imposed torsion loading. 
There was generally a well consistence in the equivalent strain results between the FEM 
simulation and those predicted by the theoretical torsion equation.  
3 The predicted Mises stress results showed the gradual evolution towards the homogenous 
distribution across the whole sample. Initially, the significant variation along the radial direction 
exhibited and there were higher stress values around the edge region. Subsequently there was 
a tendency of sweeping of these areas of higher stress values from the outer edge region 
towards the center and the variation along the sample radius diminished gradually. Ultimately, 
a reasonably level of homogeneity could be developed over the whole sample when the 
introduced strain reached a sufficiently large level. The predicted Mises stress results by FEM 
simulation agreed well with the previously reported experimental measurements.  
4 Finally, it should be noted that the 3D classic elasto-plastic FEM simulation in this chapter 
have provided the comprehensive information about the equivalent strain and Mises stress 
during the HPT process. However, some other vital plastic behaviors such as texture evolution, 
grain fragmentation and deformation anisotropy, etc., which play the key role in determining 
the mechanical properties of HPT processed material, are still not well known and should be 
further investigated in relation with the crystal plasticity theory. The FEM study in this chapter 
has established a solid model foundation for the crystal plasticity finite element modeling of the 
HPT process in the following chapters. 
 




Chapter 4 Development of the CPFEM Model of 
HPT  
A 3D CPFEM model has been developed in the thesis to simulate the HPT process. This chapter 
presents the basic concepts of crystal plasticity theory and implementation of crystal plasticity 
laws into a commercial FEM framework.  
4.1 Crystal Plasticity Theory 
As a general scheme of notation, vectors in the subsequent context are written as boldface 
lowercase letters (e.g., a), tensor and matrices are written as boldface capital letters (e.g., A). 
Cartesian components of vectors and tensors are written as, ai and Aij, respectively. All inner 
products are indicated by a single dot and the tensor product is indicated as ‘⨂’. The 
superscript ‘-1’ of a matrix (e.g., A-1) indicates the inverse and the superscript ‘T’ of a matrix 
((e.g., AT)) denotes the transposition of this matrix. The summation convention is used for Latin 
indices but summations over crystallographic slip systems are indicated explicitly. Time 
derivatives are denoted by superposed dots. 
4.1.1 Kinematical Theory 
The quantitative description of kinematical theory for the mechanics of elastic-plastic 
deformation of crystals stems from the early work of Taylor [182] and Hill [223], where they 
proposed that material flows through the crystal lattice via dislocation motion. The kinematical 
theory used in the present CPFEM model follows the procedures used by Asaro [224], Asaro 
and Rice [225] and more recently by Raabe [226–229] and Lu [214–216,230,231]. 





Fig. 4.1 Multiplicative decomposition of the deformation gradient 𝑭 into plastic deformation part (𝑭p) 
and elastic deformation part (𝑭∗). 
It has been assumed in this study that crystalline material under load undergoes a 
crystallographic slip due to dislocation motion on the active slip systems and elastic 
deformation including stretching and rotating of the crystal lattice [224,225,232,233]. These 
deformation modes should occur simultaneously during the deformation from a reference 
configuration to a current configuration. For mathematical treatment convenience it is assumed 
that there is an intermediate configuration between the reference configuration and the 
current configuration. As shown in Fig. 4.1, the initial reference configuration corresponds to 
the undeformed state, the crystallographic slip is assumed to firstly occur from the reference 
configuration to the intermediate configuration, followed by the elastic stretching and rotation 
from the intermediate configuration to the current configuration. Therefore, the total 




= 𝑭∗ ∙ 𝑭P       (4.1) 
where 𝑭 is the total deformation gradient, 𝒙 is the position of the material point in the current 
configuration, 𝑿  is the position of material point in the initial configuration, 𝑭∗  is the 




deformation gradient combined the stretching and rotation of the crystal lattice, and 𝑭P is the 
deformation due to plastic shearing on crystallographic slip systems and can be written as 






α=1      (4.2) 
where 𝑭(α)P is the contribution of α-th slip system to 𝑭P, 𝛾(α) is the shear strain of α-th slip 
system, I is a second-order unit tensor and N is the number of active slip systems. 




(𝑭T𝑭 − 𝑰)       (4.3) 
In the initial reference configuration, the crystal slip system α is specified by the slip direction 
𝒔0
(α)






 are taken 





= 0      (4.4) 
They do not change during crystallographic slip from the reference configuration to the 
intermediate configuration but convert with the lattice when the lattice is stretched and 
rotated. The slip direction vector and the normal vector are defined as 𝒔(α) and 𝒎(α)) in the 
current configuration, respectively. Under the deformation gradient (F) the slip direction is 
transformed from 𝒔0
(α)
 to 𝒔(α), such that 
𝒔(α) = 𝑭∗ ∙ 𝒔0
(α)
       (4.5) 
The normal to the slip plane 𝒎0
(α)
 after deformation can be written as 
𝒎(α) = 𝒎0
(α)
∙ 𝑭∗−1       (4.6) 
It should be noted that 𝒔(α) and 𝒎(α) are generally not in unit vectors, but remain orthogonal. 
𝒔(α) ∙ 𝒎(α) = 0       (4.7) 
 













= ?̇?𝑭−1 = 𝑳∗ + 𝑳P      (4.8) 
𝑳∗ = ?̇?∗ ∙ 𝑭∗−1       (4.9) 
𝑳P = 𝑭∗ ∙ ?̇?P ∙ 𝑭P−1 ∙ 𝑭∗−1      (4.10) 
where 𝒗 is the velocity of the material point, ?̇? expresses a time derivative of F， 𝑳∗ is the 
contribution of the elastic stretching and lattice rotation to 𝑳 and 𝑳P is the plastic part of the 
velocity gradient. 𝑳P is related to the shear strain rate ?̇?(α) of the α-th slip system by 
𝑳P = ∑ ?̇?(α)Nα=1 𝒔
(α)⨂𝒎(α)     (4.11) 
𝑭P = 𝑰 + 𝛾(α)𝒔(α)⨂𝒎(α)     (4.12) 
The velocity gradient can be uniquely decomposed into a symmetrical part and a skewed-
symmetrical part as 








(𝑳 − 𝑳T)      (4.15) 
where 𝑫 and 𝜴 are called the stretch rate tensor and spin tensor, respectively. 𝑫 is generally 
called the rate of deformation. Corresponding to 𝑳 , the tensors 𝑫  and 𝜴  can also be 
decomposed into the elastic stretching and lattice rotation part (𝑫∗ and 𝜴∗), and the plastic 
part (𝑫P and 𝜴P), namely 
𝑫 = 𝑫∗ + 𝑫P       (4.16) 
𝜴 = 𝜴∗ + 𝜴P      (4.17) 
The components of the two tensors (𝑫 and 𝜴) can be expressed by the velocity 𝒗 and the 
coordinate 𝒙 as, 























)      (4.19) 
According to Eqns. (4.8), (4.10), (4.16) and (4.17), 𝑳P can be derived as 
𝑳P = 𝑫P + 𝜴P = 𝑭∗ ∙ ?̇?P ∙ 𝑭P−1 ∙ 𝑭∗−1     (4.20) 
And then 𝑫P in Eqn (4.16) can be expressed as 
𝑫P = ∑ 𝑷(α)?̇?(α)Nα=1       (4.21) 




(𝒔(α)⨂𝒎(α) + 𝒎(α)⨂𝒔(α))    (4.22) 
Similar to 𝑫P, the tensor 𝜴P in Eqn. (4.17) can also be expressed as 
𝜴P = ∑ W?̇?(α)Nα=1       (4.23) 




(𝒔(α)⨂𝒎(α) − 𝒎(α)⨂𝒔(α))    (4.24) 
For convenience, 𝒔(α)⨂𝒎(α) is usually called the Schmid factor. Therefore, 𝑷(α) and 𝑾(α) are 
the symmetrical and asymmetrical part of the Schmid factor, respectively. 
The derivatives of Eqns. (4.5) and (4.6) yield 
?̇?(α) = 𝑳∗𝒔(α) = (𝑫∗+𝜴∗)𝒔(α)    (4.25) 
?̇?(α) = −𝒎(α)𝑳∗ = −𝒎(α)(𝑫∗+𝜴∗)     (4.26) 




(?̇?T𝑭 + 𝑭T?̇?) = 𝑭T𝑫𝑭      (4.27) 




According to the polar decomposition theory, the deformation gradient 𝑭 in Eqn. (4.1) can be 
expressed by two alternative forms as 
𝑭 = 𝑹𝑼        (4.28) 
𝑭 = 𝑽𝑹        (4.29) 
where 𝑹 is the orthogonal rotation tensor, 𝑼 is the right stretch tensor, 𝑽 is the left stretch 
tensor. Both tensors 𝑼 and 𝑽 are positive definite symmetric tensors. And they have the 
following properties 
𝑹T = 𝑹−1       (4.30) 
𝑼 = 𝑼T        (4.31) 
Therefore, the asymmetric part (𝜴) of the velocity gradient in Eqns. (4.15) and (4.17) can be 
written as 
𝜴 = ?̇?𝑹−1        (4.32) 
And then 𝑹 can be expressed by 








     (4.33) 




(𝑹 − 𝑰)(𝑹 − 𝑰)−1      (4.34) 
4.1.2 Constitutive Equations 
let 𝒕0 is the Kirchhoff stress in the reference configuration at a time t+∆t, and it is also the 
Kirchhoff stress in the current configuration at a time t. According to the description in Section 
4.1.1, deformation occurs first by crystallographic slip from the reference configuration to the 
intermediate configuration, and then lattice stretching and rotation from the intermediate 
configuration to the current configuration. It is assumed that the change in stress caused by the 
slip and lattice stretching is ?̇?0Δt, where ?̇?0 is the stress rate in the reference configuration. The 




stress 𝒕0 + ?̇?0Δt will be rotated to the current configuration. The rotation tensor is 𝑹. The 
Kirchhoff stress 𝒕 in the current configuration can be expressed by 
𝒕 = 𝑹(𝒕0 + ?̇?0Δt)𝑹
T      (4.35) 
Taking the time derivative of Eqn. (4.35) it can be obtained as 
?̇? = 𝑹?̇?0𝑹
T + ?̇?(𝒕0 + ?̇?0∆t)𝑹
T + 𝑹(𝒕0 + ?̇?0∆t)𝑹
T = 𝑹?̇?0𝑹
T + 𝜴𝒕 − 𝒕𝜴   (4.36) 
where ?̇? is the material rate of Kirchhoff stress in the current configuration. 𝑹?̇?0𝑹
T is defined as 
the Jaumann rate of Kirchhoff stress (
∇
𝒕





T = ?̇? − 𝜴𝒕 + 𝒕𝜴     (4.37) 
If only the deformation from the intermediate to the current configuration is taken into account 








 is the Jaumann rate of Kirchhoff stress on axes that rotate with the lattice and ?̇?1
∗  is the 
rate of the Kirchhoff stress in the intermediate configuration. 






= ∑ 𝜷(α)?̇?(α)Nα=1      (4.39) 
where 𝜷(α) is defined by 
𝜷(α) = 𝜴(α)𝒕 − 𝒕𝜴(α)     (4.40) 
The lattice is elastically stretched along the lattice axis. The lattice stretching can be described 
in the lattice coordinate system by 
?̇?L = 𝑪0 ∶ 𝑫L       (4.41) 




where ?̇?L is the material rate of the Kirchhoff stress in the lattice coordinate system, 𝑫L is the 
rate of the elastic stretching in the lattice coordinate system, 𝑪0 is the elastic moduli tensor. 
Provided the rotation tensor between the lattice coordinate system and the current 
configuration is 𝑹L, the elastic deformation rate 𝑫
∗ in the current configuration can be linked 
to 𝑫L by the following equation 
𝑫∗ = 𝑹L𝑫L𝑹L
T      (4.42) 
The rate of Kirchhoff stress in the intermediate configuration can be expressed by 
?̇?1
∗ = 𝑹T𝑹L?̇?L𝑹L
T𝑹      (4.43) 
Therefore, according to Eqns. (4.38) and (4.43), the Jaumann rate 
∇
𝒕∗




T       (4.44) 
Eqns. (4.42) and (4.44) can be rewritten as 
𝑫L = (𝑹L
T⨂𝑹L






       (4.46) 
Substituting Eqns. (4.45) and (4.46) into Eqn. (4.41) yields 
∇
𝒕∗
= 𝑪 ∶ 𝑫∗       (4.47) 
𝑪 = (𝑹L⨂𝑹L) ∙ 𝑪0 ∙ (𝑹L
T⨂𝑹L
T)     (4.48) 
where 𝑪 is the fourth order tensor of the elastic modulus,  
Substituting Eqn. (4.47) into Eqn. (4.39) gives 
∇
𝒕
= 𝑪 ∶ 𝑫 − ∑ (𝑪 ∶ 𝒑(α) + 𝜷(α))?̇?(α)Nα=1     (4.49) 




It was assumed that slip is the only plastic deformation mechanism. The resolved shear stress 
on each slip system can be used as the vital variable to evaluate plastic flow. The resolved shear 
stress 𝜏(α) can be calculated from 
𝜏(α) = 𝒑(α) ∶ 𝒕      (4.50) 
Taking the time derivative gives 
?̇?(α) = (𝑪 ∶ 𝑷(α) + 𝜷(α)) ∶ (𝑫 − ∑ 𝒑(β)?̇?(β)Nβ=1 )     (4.51) 
The relationship of the Cauchy stress 𝝈 and the Kirchhoff stress is 
𝒕 = J𝝈        (4.52) 




        (4.53) 
The derivative of Eqn. (4.52) can be written by 
?̇? = J𝝈 +̇ ?̇?J = J𝝈 +̇ Jtr(𝑫)𝝈     (4.54) 
Substituting Eqns. (4.52) and (4.54) into Eqns. (4.35), (4.37), (4.49) and (4.51) yields the 
constitutive law based on the Cauchy stress 




∆𝑡      (4.55) 
∇
𝝈
= 𝑪 ∶ 𝑫 − tr(𝑫)𝝈 − ∑ (𝑪 ∶ 𝑷(α) + 𝜴(α)𝝈 − 𝝈𝜴(α))?̇?(α)Nα=1    (4.56) 
?̇?(α) = (𝑪 ∶ 𝑷(α) + 𝜴(α)𝝈 − 𝝈𝜴(α)) ∶ (𝑫 − ∑ 𝑷(β)?̇?(β)Nβ=1 )    (4.57) 
4.1.3 Hardening Model 
To overcome the long standing problem of non-uniqueness in the choice of the active slip 
systems which are inherent in conventional rate-independent theory, the rate-dependent 
constitutive law has been developed. The rate-dependent law was first introduced by 




Hutchinson [234] in 1976 to study the steady creep properties of polycrystalline materials. 
Since then it has been successfully used by Asaro [224], Pierce, Asaro and Needleman [235], 
Toth et al. [236] and Neale and Harven [183,184] in their researches. Recently, the rate-
dependent theory has been extensively applied in crystal plasticity finite element studies to 
model various deformation techniques [200,215,230,231,237–241]. This study follows the 
above mentioned rate-dependent law, the shear strain rate ?̇?(α) on a slip system is assumed to 








      (4.58) 
and 
sgn(x) = {
−1, x < 1
1, x ≥ 1
      (4.59) 
where ?̇?0
(α)
is the reference value of the shear strain rate which is taken to be a constant for all 
slip systems. n denotes the rate sensitive exponent and the rate insensitivity limit is n →infinite. 
Both parameters ?̇?0
(α)
 and n are the material characters. Parameter 𝜏c
(α)
 is a variable used to 
describe the current strength of the slip syatem α, also known as the critical resolved shear 
stress. The shear rate in each slip system is uniquely determined by the power law in Eqn. (4.58)  
The flow stress 𝜏c
(α)
 for each slip system increases with plastic deformation due to work 
hardening. The hardening curve needs to be determined for each possible slip system so that 
𝜏c
(α)
 can be expressed as a function of the plastic shear in that slip system. Fig. 4.2 shows a 
typical shear stress and shear strain curve for a FCC crystal with the tensile axis oriented with a 
standard triangle, and where it reflects three different stages [242]. Stage-1 is the easy glide 
stage where the corresponding hardening rate is very low and almost constant. By contrast, 
Stage-2 is a rapid hardening stage where the hardening rate is also almost constant, but much 
higher than in Stage-1. Stage-3 is a parabolic hardening region where the hardening rate 
decreases continuously until fracture occurs. 





Fig. 4.2 A typical curve of resolved shear stress versus shear strain in a slip system for a FCC single crystal. 
(Point ‘A’ denotes where secondary slip commences) [242]. 
When more than one slip system is active, hardening in each slip system is a function of slip on 
all the active slip systems, the rate of increase of the flow stress 𝜏c
(α)
 has therefore been 





β=1        (4.60) 
where the matrix ℎαβ contains the hardening moduli for each slip system. ℎ𝛼𝛼 is known as self 
hardening (hardening of a slip system during deformation) while ℎαβ (𝛼 ≠ 𝛽) is known as latent 
hardening (hardening of a slip system due to the hardening in another slip system) 
There have been many proposals for the analytical representation of the instantaneous 
hardening moduli ℎαβ. The simplest proposal was the ‘isotropic’ hardening law by Taylor (1934) 
[195,196]. According to this law all slip systems harden equally when deformation occurs. This 
isotropic hardening is unable to predict the experimental observation that inactive or latent slip 
systems often harden more than the slip system that is active during deformation; Hutchinson 
(1970) [243] proposed a simple latent hardening law by assuming that the off-diagonal terms in 
the matrix of hardening moduli are different from the diagonal values. Peirce, Asaro, and 




Needleman (1982) [232] proposed a model that also provides latent hardening, while for self-
hardening they used the mathematical property of hyperbolic secant function to reach a peak 
value of hardening and then saturate. That is to say, self-hardening starts with a higher initial 
hardening and vanishes after reaching a saturation resolved shear stress. Bassani and Wu (1991) 
[242,244] used a different expression for the hardening moduli to describe the three stages of 
hardening of crystalline materials in Fig. 4.2. This model was based upon the analytical 
characterization of the hardening moduli at any stage during deformation. Their expression for 
self and latent hardening depends on the shear strains 𝛾(α) of all slip systems. 












)] (4.61)  
ℎ𝛼𝛽 = qℎ𝛼𝛼         𝛼 ≠ 𝛽     (4.62) 
ℎαβ is instantaneous hardening moduli that include the self-hardening of each system (α=β) and 
latent hardening (α≠β). The parameter 𝑞  is a latent hardening parameter and 𝛾0  is the 
reference value of slip. 𝛾 is the resolved shear strain and 𝜏0 is the initial critical resolved shear 
stress. 𝜏1 is the breakthrough stress where large plastic flow begins and ℎ0 is the hardening 
modulus just after the initial yield, while ℎs is the hardening modulus during easy glide. 
Parameter 𝑓αβ represents the magnitude of the strength of a particular slip interaction between 
two slip systems α and β and it depends on the geometric relationship between two slip 
systems. The factors 𝑓αβ are given in terms of five constants [244]: 
(i) a1 (no junction): the resultant Burgers vector from slip systems α and β is parallel to the 
original one; 
(ii) a2 (Hirth lock): the resultant Burgers vector is not energetically admissible; 
(iii) a3 (coplanar junction): the resultant Burgers vector is on the same slip plane as the original 
ones; 
(iv) a4 (glissile junction): the resultant Burgers vector is energetically admissible and on one of 
the two slip planes; 




(v) a5 (sessile junction): the resultant Burgers vector is energetically admissible but not on either 
of the two slip planes. 
Many comparative studies of the various hardening laws mentioned above have been carried 
out to simulate the finite and large strain deformation behaviors by Wu et al. [185], Havner and 
Lin [184], Kumar and Yang [245], Siddiq and Schmauder [246]. These simulation results 
indicated that the Bassani & Wu model could reflect the three-stage hardening of FCC crystals 
more exactly. Recently, the Bassani and Wu hardening law has been successfully employed to 
predict the deformation behavior and texture evolution in large strain ECAP process by crystal 
plasticity modeling [214–216]. Therefore, in this study, the hardening model of Bassani and Wu 
was adopted to simulate the HPT process. 
4.2 Development of the CPFEM Model 
4.2.2 Fundamental Equations of FEM 
It is well known that the equilibrium for problems neglecting the body forces can be expressed 
by the virtual work principle in rate form 
  SV dSδdVδ: vfDσ       (4.63) 
Where 𝝈 is the Cauchy stress; δD is the virtual form of the rate of deformation; V is the volume 
of the solid body in the current configuration; f is the surface traction per unit of the current 
area; δv is the kinematically admissible virtual velocity field and S is the bounding surface of the 
volume V. 
According to FEM theory, a solid body is divided into n elements, where each element is 
associated with m nodal points. The velocity field in each element is interpolated by 
interpolation functions 𝐍 (shape functions), which link the velocity field (𝒗) to the nodal 
velocities (𝒗n) as follws, 
𝒗 = 𝐍𝒗n       (4.64) 




The interpolation for the rate of the deformation 𝑫 and spin tensor 𝜴 can be expressed as 
𝑫 = 𝑩𝒗n       (4.65) 
𝜴 = 𝑮𝒗n       (4.66) 
𝑩 and 𝑮 are the symmetrical part and the skewed part of the coefficient matrix of velocity 
gradient, respectively. 
Normally the surface tractions (f) in Eqn. (4.63) are the force (or stress) boundary conditions. If f 
is the function of the nodal velocities, it can be written by 
𝒇 = 𝑻𝒗n      (4.67) 
where T is a matrix. 
Therefore, the equilibrium equation (Eqn. (4.63)) can be rewritten as 
nTnT
vfNvσB  :dS:dV
SV       (4.68) 
Since the vn are arbitrary, one obtains  
  SV dSdV fNσB
TT      (4.69) 
The above non-linear equations are functions of the nodal velocities (vn). They form the basis of 
the displacement-based finite element method. Eqn. (4.69) can be rewritten by: 
0fNσBvF
TTn   SV dSdV)(     (4.70) 
The Newton algorithm is in general used to solve the non-linear equations (Eqn. (4.70)). An 




𝑛)     (4.71) 
𝑲 = 𝑭′(𝒗𝑖
𝑛)       (4.72) 





𝑛  and 𝒗𝑖+1
𝑛  are the nodal velocities for i iteration step and i+1 iteration step, 
respectively; K is the Jacobian matrix, which is the derivative of 𝑭(𝒗𝑛) with respect to vn at 
𝒗𝒏 = 𝒗𝑖
𝑛. To solve Eqn. (4.71) K must be developed. It can be expressed by: 






TT     (4.73) 
For the rate-dependent materials, accordingly, the constitutive relationship can be described in 
incremental form as follows 
∇
𝝈
= 𝑯 ∶ 𝑫      (4.74) 
𝑯 is the fourth order hardening parameter tensor. The derivative of the Cauchy stress with 














     (4.75) 
The Jacobian matrix (𝑲) can be expressed as 
  SV dSdV):( TNBHσGGσBK
TT     (4.76) 
The hardening parameter tensor 𝑯 must be calculated based on the constitutive law to 
determine 𝑲. 
4.2.2 Implementation of Crystal Plasticity Theory in FEM 
In this study, the crystal plasticity constitutive model was implemented into the implicit finite 
element code Abaqus/Standard using the user material subroutine (UMAT), where the material 
properties can be defined and the data can be exchanged with Abaqus [247]. UMAT has two 
functions. The first one is to make sure that the stress state of the material is at the current 
increment and calculate all state variables. The second function is to calculate the Jacobian 
matrix of the current material configuration. The stability and rate of convergence are 
significantly influenced by the material constitutive model. 




In the developed CPFEM model, the following seven groups of data need to be provided in the 
input file [248]: 
(i) Elastic moduli of materials; 
(ii) Number of sets of potentially activated slip systems considered; 
(iii) Initial crystallographic orientations in the sample coordinate system; 
(iv) Shear strain rate depending on the resolved shear stress and current strength; 
(v) Self and latent hardening moduli; 
(vi) The forward gradient time integration parameter and the parameter determining whether 
the small deformation theory or the theory of finite strain and finite rotation is used in the 
analysis; 
(vii) Parameters for the iteration method. 
ABAQUS/Standard is a displacement-based finite element code. In ABAQUS/Standard the 
loading history is divided into many steps. In each step the deformation is assumed to be static. 
The flowchart of the procedures in UMAT is shown in Fig. 4.3, which include 




), increments of logarithmic strains (𝑫∆t), rotation increments (R), time increment 
(Δt), constants, solution dependent variables, and so on. The constants include elastic 
moduli, parameters charactering the slip system, materials parameters in the hardening 
model and forward gradient time integration parameter. All the constant can be modified in 
the ABAQUS input file or through ABAQUS/CAE interface. The solution dependent variables 
include the slip directions (s), normals to slip planes (m), shear strain rates (γ̇), resolved 
shear stresses (τ) and critical resolved shear stress (τ𝑐) on all slip systems.  
2. Calculate the elastic moduli (C) in the global system by Eqn. (4. 48). 
3. Calculate the rotation tensor (R) from the local crystal system to the global system by Eqn. 
(4. 34). 




4. Determine the slip systems using inputted parameters charactering the slip systems if 
UMAT is called at the first time; if not, skip this step. 
5. Calculate the Schmid factor P, W by Eqns. (4.22) and (4.24) respectively. 
6. Calculate the shear strain rate ?̇? and its derivation by Eqns. (4.58-4.59). 
7. Calculate the hardening modulus ℎ𝛼𝛽 by Eqns. (4.61-4.62).  
8. According to the Taylor expansion of Eqn. (4.58) to calculate ∆γ(𝛼)with time increment Δt. 
9. Update the solution dependent state variables and the stresses.  
Accordingly, all the variables and Jacobian matrix can be obtained by the related equations 
obtained at the end of the step. All the calculated variables will be transferred to the next step 
as entries, and then the iteration of the next increment will be calculated. Otherwise, the time 
increment will be estimated and iterated. This procedure will be repeated and finally 
terminated until the desired deformation is finished.   
 
Fig. 4.3 The flowchart for UMAT 




4.3 CPFEM Model of HPT  
Three-dimensional CPFEM simulations of the HPT process of nickel and aluminum single crystals 
were carried out in this thesis. In this section, the base model information is presented and the 
input parameters of the constitutive laws are given. 
The geometry of the sample and the die, the meshes of the sample and the boundary 
conditions were all the same with that used in FEM simulation described in Chapter 3. Two 
coordinate systems, global system Cg (X, Y, Z) and local system Cl (R, θ, Z), are shown in Fig. 4.4. 
The local R, θ and Z axes represents the radial, circumferential and axial directions at a given 
location in the global system, respectively. The global coordinate system was used in the 
simulation, while the local coordinate system was often used in the data analysis. Two initial 
crystallographic orientations of the single crystal discs, (001) and (111) orientation, were 
adopted. The (001) orientation was initially oriented with the (001) crystallographic plane 
parallel to the shear plane and [010] crystallographic direction parallel to the shear direction, as 
shown in Fig. 4.4. Similarly, the (111) orientation was initially oriented with the (111) 
crystallographic plane parallel to the torsion axis. The angular values φ stand for the rotation 
angles away from the fixed X axis around the axial direction on the shear plane. It should be 
noted that due to the deformation exerted on the small metallic discs, the initial orientation of 
the single crystal is rotated around the torsion axis as a function of φ. However, the initial 
orientation is constant within a layer whose plane normal lies parallel to the shear direction. In 
the deformed materials with FCC structure, it is assumed that slips occur on the {111} slip 
planes along the <110> slip directions. Their combination defines 12 different slip systems as 
indicated in the Tab. 4.1, namely a1-d3, respectively. 





Fig. 4.4 Schematic view of a single crystalline disc that is subjected to HPT deformation 
Tab. 4.1 Notations of the slip systems for the FCC materials considered in this study. 
Number Slip system Slip plane Slip direction 
1 a1 (1 1 1) [0 -1 1] 
2 a2 (1 1 1) [1 0 -1] 
3 a3 (1 1 1) [-1 1 0] 
4 b1 (-1 1 1) [1 0 1] 
5 b2 (-1 1 1) [1 1 0] 
6 b3 (-1 1 1) [0 -1 1] 
7 c1 (1 -1 1) [0 1 1] 
8 c2 (1 -1 1) [1 1 0] 
9 c3 (1 -1 1) [1 0 -1] 
10 d1 (1 1 -1) [0 1 1] 
11 d2 (1 1 -1) [1 0 1] 
12 d3 (1 1 -1) [-1 1 0] 
 
 




4.4.1 Nickel Single Crystal 
In this study, the HPT process of nickel single crystal was firstly simulated by the developed 
CPFEM model. A series of constitutive parameters of the simulated nickel material need to be 
determined. According to the study by Moosbrugger and his co-workers [249,250], the factors 
fαβ for nickel material in the Eqn. (4.61) were set as: a1=a2=a3=0.4, a4=0.75 and a5=1. The 
other material parameters used in the hardening model are listed in Tab. 4.2. They were 
evaluated by fitting the simulated stress-strain curve with the experimental results under plane 

























    (4.77) 
where 𝐶11=246500 MPa, 𝐶12=147300 MPa, and 𝐶44=124700 MPa, respectively; they were taken 
from the research conducted by Freund and Suresh [251], Zhang and Shang [252] and Raabe et 
al. [253]. 
Tab. 4.2 The strain rate sensitivity component and parameters in the hardening law for nickel single 
crystal. 
n ?̇?0 (s
-1) ℎ0 (MPa) ℎs (MPa)  𝜏1 (MPa) 𝜏0 (MPa) 
50 0.001 61.8 0.01 26.7 17.5 
[254,255] [252,254,255]  [252] [252] [252] [252] 
  
4.4.2 Aluminium Single Crystal 
In this study, the HPT process of aluminium single crystal was also simulated. Franciosi et al. 
obtained the slip system interaction parameters a1-a5 by conducting the latent hardening 
experiment using aluminum single crystal [256]. The factors fαβ for aluminium in the Eqn. (4.61) 




could be chosen as: a1=a2=a3=1.75, a4=2, and a5=2.25. Three elastic moduli for aluminium 
material were C11=112000 MPa, C12=66000 MPa and C44=28000 MPa. The other material 
parameters used for the hardening law are listed in Tab. 4.3, which were identified by fitting 
the simulated stress-strain curve with the experimental measurements of single crystal 
aluminum under plane strain compression [257,258]. Recently, these material parameters have 
been successfully applied in the CPFEM simulations of rolling [230], tensile deformation [231] 
and ECAP process [214–216]. 
Tab. 4.3 The strain rate sensitivity component and parameters in the hardening law for aluminum single 
crystal. 
n ?̇?0 (s
-1) ℎ0 (MPa) ℎs (MPa)  𝜏1 (MPa) 𝜏0 (MPa) 
300 0.0001 100 0.01 6.3 6 
 
4.4.3 Results of Remeshing during CPFEM simulation 
In the CPFEM modelling of the HPT process, the mesh deforms with the material. As the plastic 
straining is continuously introduced into the sample, the mesh becomes so severely distorted 
from its original configuration that they no longer provide a good discretization of the analysis 
or even encounter a convergence problem. When the severe distortion occurs, it is necessary to 
re-mesh: to create a new mesh to continue the analysis and to map the old- model solution to 
the new mesh. 
In this thesis, a regular mesh was initially used, as shown in Fig. 3.2(a). After a pre-determined 
revolution angle of N=1/4 turn, the simulation was stopped. A new mesh for the deformed 
sample was consequently generated. Mesh-to-mesh solution mapping technique built in 
ABAQUS was used to transfer all state variable values from old mesh to new mesh. The 
simulation then re-started and the above procedure was repeated. Several steps of remeshing 
were needed until the desired deformation was reached.  




To verify the efficiency of remeshing during the CPFEM simulation of HPT, two positions on the 
initially un-deformed nickel single crystal, specifically, R=4.5mm,θ = 0° , Z=0.75 mm and 
R=4.5mm, θ = 90°, Z=0.75 mm, were chosen for analysis. These positions rotated with respect 
to the Z axis on the shear plane simulating the changes in crystallographic orientation. At each 
remeshing step, the crystallographic orientations of the old deformed mesh and the 
consequently new generated mesh were collected for comparison. Figs. 4.5-4.6 show the 
comparisons of crystallographic orientation between old and new mesh of these two positions 
recorded at different remeshing steps when the sample underwent (a) 45°, (b) 78°, (c) 102°, (d) 
130°, (e) 146°, (f) 170° revolution angles of HPT deformation, respectively. Figs. 4.5-4.6 indicate 
that at any step of remeshing the crystallographic orientation of the new mesh are in good 
agreement with those of the old mesh. This demonstrates that the remeshing method works 
well and is suitable for the CPFEM simulation of the large deformation of the HPT process. 
 
Fig. 4.5 The comparisons of crystallographic orientation between old and new mesh of position 
R=4.5mm,θ = 0°, Z=0.75 mm recorded at different remeshing steps when the sample underwent (a) 45°, 
(b) 78°, (c) 102°, (d) 130°, (e) 146°, (f) 170° revolution angles of HPT deformation, respectively 





Fig. 4.6 The comparisons of crystallographic orientation between old and new mesh of position 
R=4.5mm,θ = 90°, Z=0.75 mm recorded at different remeshing steps when the sample underwent (a) 
45°, (b) 78°, (c) 102°, (d) 130°, (e) 146°, (f) 170° revolution angles of HPT deformation, respectively 
4.4 Summary 
This chapter is summarized as follows: 
(1) The development of a CPFEM model has been introduced. In the model used in this study 
the deformation has been decomposed into two parts: crystallographic slip due to dislocation 
on the active slip systems and elastic deformation that includes stretching and rotation of the 
crystal lattice. The rate-dependent material constitutive law has been applied to overcome the 
problem of non-uniqueness in the choice of active slip systems which is inherent in the rate-
independent theory. The hardening model proposed by Wu and Bassani has also been used 
because it can accurately capture the three different hardening stages in a slip system and it is 
also proven to be better than other hardening models in texture predictions. 




(2) The detailed implementation of crystal plasticity constitutive model into the user defined 
material subroutine (UMAT) of commercial finite element code (ABAQUS) has been described.  
(3) For the first time, the CPFEM model of the HPT process of single crystals has been 
constructed by applying the UMAT to the developed FEM model in Chapter 3. The developed 
CPFEM model will be employed to simulate the texture evolution, grain fragmentation and 








Chapter 5 Investigation of Texture Evolution of 
Nickel Single Crystal during HPT by CPFEM 
Simulation 
In this chapter, the developed CPFEM model is employed to simulate the evolution of 
crystallographic texture of nickel single crystals during the HPT process. The texture evolution 
process and the underlying mechanism will be discussed in detail. 
5.1 Introduction 
It has been known since long time that the major deformation behaviors such as grain 
refinement and work hardening are strongly related to crystallographic texture [96,259–263]. 
Up to now, texture evolution during the HPT process has been experimentally studied over a 
wide range of metals and alloys, such as Pure Al [47,49,52], Pure Ni and single crystal 
[44,45,47,48,53], Pure Cu and alloys [43,46,54], Pure Mg and alloys [55,173], Ti [43,174] and 
many other alloys [50,56,57,175–177]. It has been found that the texture formed during the 
HPT process could be defined directly from those revealed for the case of torsion texture, but 
there were significant variations both in the intensity and in the relative proportion of each 
individual ideal component at different stages of HPT straining. Therefore, different ideal 
components dominated the developed texture at various strain levels of HPT processing. After 
processed to the sufficiently large strain level, the typical torsion texture usually could be 
developed.  
Crystallographic texture (orientation distribution) and its evolution during forming is a quantity 
that is inherently connected with plasticity theory. Hence, in addition to the experimental 
studies, computer modelling is another important and useful tool to interpret the texture 
evolution. According to the Refs. [199,211,213], crystal plasticity models have enjoyed major 




successes in predicting the evolution of the underlying crystallographic texture in single-phase 
cubic metals subjected to a broad range of low temperature deformation processing operations. 
Deformation texture modelling started with the Taylor model assuming all constituent crystals 
of the polycrystal at a material point in the sample experience the exact same deformation 
history (same as the macroscopically imposed deformation history at that material point). It is 
now well established that the Taylor-type models produce only reasonably good predictions of 
texture evolution in the deformed sample. Furthermore, the texture sharpness is significantly 
overestimated. In addition, they are not satisfactory in texture predictions at large plastic 
deformation. Later, more sophisticated models such as the advanced Lamel models considering 
local grain neighbourhood relaxations and visco-plasticity self-consistent (VPSC) models 
considering the interaction of an ellipsoidal grain with the surrounding medium, have been 
developed with improved performance in texture predictions. However, the predicted textures 
are usually too strong, not much different from the Taylor-type model predictions. Meanwhile, 
the crystal plasticity finite element method (CPFEM) model has been developed by 
incorporating polycrystal plasticity constitutive equations into FE programs. With this method, 
grains are represented by finite elements and the deformation of the individual grains is 
influenced not only by the macroscopic boundary conditions but also by its interactions with 
other grains in both short and long-range. Because the CPFE models satisfy stress equilibrium 
and strain compatibility (in the weak numerical sense), it has been proven in various 
deformation modes that this method can give significantly better texture predictions than the 
Taylor, Lamel and VPSC models. 
During the recent decades, a great deal of interest has been devoted to numerically simulate 
the HPT process. The majority of published simulation works used the classic FEM method 
where the adopted materials were assumed to behave as isotropic work-hardening solids [58–
66,68,264]. The simulation results have presented some plastic deformation characteristics of 
the HPT process, such as, the distribution of temperature, the evolution of mean normal stress, 
equivalent strain and strain rate, the geometrical change after deformation and so on. However, 
the classic elasto-plastic FEM simulations were unable to predict texture evolution and had few 
effects in exploring the underlying deformation mechanism.  




Theoretical or numerical studies of the HPT process, especially using models integrated with 
crystal plasticity theory, are very limited. A few pioneering works have been performed to 
understand the material behaviour in HPT. Estrin et al. [69,179] simulated the HPT process 
using the gradient plasticity modelling. The constitutive formulation they used was based on a 
phase mixture model in which the dislocation cell walls and the cell interiors were considered 
as separate phases with different dislocation densities. Lee et al. [72,73] made further 
developments based on Estrin’s model by embedding the dislocation density-based constitutive 
model into a finite element code. The aforementioned investigations focused on the prediction 
of cell/grain size evolution with the accumulation of dislocation density and did not study the 
texture evolution process. Kratochvil and his co-workers [70,71,180,181] established a 
simplified crystal plasticity model for the HPT process which was based on the assumption of 
uniform deformation of plane-strain double slip. They adopted the rotations of slip systems to 
interpret the microstructure evolution and they did not carry out the texture study either. 
Hafok and Pippan [48] constructed a fully-constrained Taylor model, which assumed that the 
local strain rate was equal to the macroscopic strain rate, to simulate the crystallographic 
orientations development of nickel single crystal during the HPT process. Owning to well-known 
shortcomings of the Taylor model, they did not give satisfactory texture predictions.  
In this chapter, a 3D crystal plasticity finite element model, which incorporates crystal plasticity 
constitutive equations together with Bassani & Wu hardening modulus into the finite element 
framework, was developed to simulate the crystallographic texture evolution during the HPT 
process of initially (001) and (111) oriented nickel single crystals. The single crystal is chosen 
because it eliminates the effect of grain boundary and grain-grain interaction. The predicted 
texture results are compared with the currently available experimental measurements. The 
material deformation, slip activities, and the lattice rotations with increasing applied torsion 
strain are presented and analysed in detail to reveal the underlying mechanism of 
crystallographic texture evolution in HPT. 




5.2 Simulation Procedure 
The simulation model was given in Chapters 3 and 4. In this Chapter, the nickel single crystal 
with initial (001) and (111) orientations were adopted. The values of various material 
parameters in the constitutive laws employed in this study were given in Chapter 4. In the 
deformed nickel material, slips occur on the {111} planes and in the [110] directions. Their 
combination defines 12 slip systems, as shown in Fig. 5.1(a). For easy reading of the textures, a 
{111} figure recorded on θ-Z plane was prepared (see Fig. 5.1(b)) that shows the locations of 
the main components of the ideal shear texture for FCC metals (after [166–168]). In the HPT 
simulation, the mesh-to-mesh solution mapping technique built in ABAQUS was employed to 
solve the extremely mesh distortion problem caused by large torsion deformation. 
 
Fig. 5.1 (a) The 12 slip systems of the FCC metals. (b) The main components of the ideal shear texture 
and their positions on the {111} pole figure recorded on the θ − Z plane. 
5.3 Simulation Results 
5.3.1 Strain Distribution 
Fig. 5 2 shows the distributions of true strain (Variable LE in ABAQUS software) on the top 
surface of the sample with initial (001) orientation after subjecting to 30° revolution angles HPT 




deformation. The strain remains relatively small at the center of the sample and it increases 
with the distance away from the center. The maximum strain located at the edge of the sample 
is around 1.4. In addition, close examinations reveal there are slight differences in the strain 
distribution along the circumferential direction close to the edge region. A distribution pattern 
with four-fold symmetry, namely four more strained regions separated by four less-strained 
regions with intervals of φ = 90°, could be observed around the sample periphery. Here φ 
refers to the angles of the material flowing away from the fixed X axis around the torsion axis 
on the shear plane, as shown in Fig. 5.2. The similar strain distribution results on the section of 
the sample have been previously revealed by [265–267], which reported that the torsion 
deformation of a cylinder/tubular sample with respect to a [001] axis gave rise to the formation 
of four more strained zones along the circumference of the sample by using a micro-macro 
anisotropic viscoplasticity model and experimental observations.  
 
Fig. 5.2 The predicted strain distribution on the surface of (001) nickel single crystal after 30° revolution 
angles HPT deformation.  





Fig. 5.3 The predicted strain distributions on the surfaces of the initial (111) nickel single crystal after 
increasing revolution angles HPT deformation of (a) 22.5°, (b) 45°, (c) 60° and (d) 125°. 
Fig. 5.3 plots the evolution of strain distribution on the surface of initial (111) nickel single 
crystal as a function of increasing revolution angles of HPT deformation of 22.5°, 45°, 60° and 
125°. Fig. 5.3(a) shows that after 22.5° degrees of HPT deformation the sample is approximately 
homogeneously deformed along the circumferential direction and the strain increases from the 
centre of the sample to the edge region at a maximum value of ~1. After further deformation, 
in Figs. 5.3(b)-(d), the similar tendency of increasing strain with the distance from the centre of 
the sample could be clearly observed and the corresponding maximum strain values at the edge 
regions after 45°, 60° and 125° deformation are ~2, ~2.5, and ~6 respectively. Moreover, close 
to the sample peripheries, the slight differences in the strain distribution along the 




circumferential direction could also be seen in Figs. 5.3(b)-(d), which exhibit three-fold strain 
distribution patterns of less strained and more strained zones with intervals of about φ = 120°. 
These zones have also been predicted by classical crystal plasticity simulation in [266]. 
5.3.2 (001) Nickel Single Crystal 
Ref. [48] have reported the texture measurements at different sample positions along the 
circumferential direction of the (001) nickel single deformed to an equivalent strain between 
1.4-1.6. In order to verify the developed CPFEM model, the predicted and measured pole 
figures reported in Ref. [48] were compared. It is noted that Ref. [48] did not give the specific 
positions where the texture measurements took place. In this study we may reasonably 
conclude these specific positions according to the initial orientations, as marked by A (φ = 75°), 
B (φ = 45° ) and C (φ = −15°) in Fig. 5.2. Figs. 5.4(a)-(c) respectively shows the texture results 
of these three different positions along the tangential direction. The first column pole figures 
are experimental measurements corresponding to an equivalent strain between 1.4 and 1.6, 
while the second and third columns are simulations results after 30° revolution angles HPT 
deformation with an equivalent strain of about 1.4 (see Fig. 5.2). The scan size of the 
experimental measurements were around 200 μm x 200 μm while the predicted pole figures 
were plotted over an area of about 1000 μm x 200 μm which only consist of several meshes. 
The pole figures of the first and second columns are the experimental measurements and 
simulations of {001} crystallographic planes projected onto the R-θ planes. The horizontal axis 
and vertical axis in the pole figures represent the local radial direction (R) and circumferential 
direction (θ), respectively. Since the main components of the ideal torsion texture are normally 
presented in terms of {111} pole figure in the tangential direction and in the direction of torsion 
axis, as shown in Fig. 5.1(b), to compare the texture results with the ideal torsion texture, such 
{111} pole figures recorded on θ − Z planes were also plotted, as shown in the third column of 
Fig. 5.4. It should be noted that, at each studied position, the two pole figures of the second 
and third column represent the same distribution of crystallographic orientation with respect to 
the sample coordinate system. In the pole figures, the initial orientation and the orientation 
after deformation are indicated by black squares and dots respectively. The locations of the 




ideal torsion texture components are also shown and visualized by different symbols in the pole 
figures of the third column. An {hkl} <uvw> orientation used in this study signifies that the {hkl} 
crystallographic plane coincides with the shear plane and that the <uvw> crystallographic 
direction is aligned with the shear direction. The A partial fibre could be indexed as {111} <uvw>, 
the B partial fibre as {hkl} <110> and C orientation as {001} <110>, which is just a special 
position of B fibre.  
The pole figures shown in Fig. 5.4(a) are the texture results developed at Position A. The initial 
orientation of this position is identified to be close to (001) orientation (ideal C component) 
after comparing it with the ideal torsion texture components. The lattice rotations during HPT 
deformation process have changed the initial crystallographic orientation to positions indicated 
by black dots. The red circles represent the position of a (111) orientation (ideal 𝐴1
∗  component). 
It can be seen from Fig 5.4(a) both the experiment and the simulations indicate that the 
crystallographic orientations after HPT deformation rotate away from the initial C component 
progressively and then occupy positions close to the ideal 𝐴1
∗  orientation. It should be noted 
that there are fewer points in the simulated pole figures than the measured results as the 
dimension of the elements is much larger than the resolution applied in the experiments. If we 
consider Fig. 5.4(b), obtained at position B, it’s readily to see that the initial orientation of this 
position also rotates away from the ideal C orientation by about 30° around the sample torsion 
axis. The pole figure of experiment shows that the developed orientations rotate away from the 
initial orientation progressively and occupy an orientation close to the (011) orientation marked 
by red circles. The predicted texture also reveals that the introduced stains during HPT 
deformation cause the initial orientation to rotate close to the (011) orientation. Small 
deviations between the experimental and predicted texture are observed as there are absent of 
orientations close to the initial orientation in the predicted pole figures. This is due to that the 
initial orientation of the experimental measurement deviated slightly from the simulation. The 
texture results depicted in Fig. 5.4(c) were obtained from position C. The initial orientation of 
this position is again close to the ideal C component. The pole figures illustrate a similar texture 
results with position A recorded in Fig. 5.4(a). The experimental pole figure reveals that some 
orientations have just rotated away from the initial C orientation, while the other orientations 




rotate considerably and occupy positions close to the ideal 𝐴1
∗  orientation (indicated by red 
circles). The simulates are capable of predicting both orientations in the pole figures 
 
Fig. 5.4 Pole figures of the initial (001) nickel single after 30° revolution angles of HPT deformation at 
various positions along the tangential direction (a) position A φ = 75°, (b) position B φ = 45° and (c) 
position C φ = −15°. (Positions A-C have been given in Fig. 5.2) 




5.3.3 (111) Nickel Single Crystal 
Fig. 5.5 shows the texture evolution of the initial (111) nickel single crystal with increasing HPT 
deformation. The texture results were obtained at four different positions of different strain 
levels, as labelled A-D respectively in Figs. 5.3(a)-(d). The same analytical method applied to the 
(001) nickel single crystal was used here. The first column pole figures in Figs. 5.5(a)-(d) are 
experimental measurements corresponding to an equivalent strain of 1, 2, 2.5 and 5 
respectively [48], while the second and third columns are simulations results after 22.5°, 45°, 
60° and 125° degrees of HPT deformation with an equivalent strain of ~1.1, ~1.9, ~2.5 and ~5 
respectively (see Fig. 5.3). The scan size of the experimental measurements was approximately 
30 μm x 30 μm while the predicted pole figures were plotted over an area of about 1000 μm x 
200 μm. The first and second columns are the experimental measurements and simulation 
predictions of {001} pole figure recorded on the R-θ planes. The third column is simulation 
predictions of {111} pole figures recorded on θ − Z planes corresponding to each pole figure in 
the second column. The initial crystallographic orientation of the (111) nickel single crystal is 
(111)[112̅] (ideal 𝐴2
∗  component) and is denoted by black squares in the pole figures. The 
resulting orientations at different strain levels are indicated by black dots. 
It could be seen from the pole figures in Fig. 5.5(a), after 22.5° revolution angles HPT 
deformation, at position A, the crystallographic orientations change gradually away from the 
initial 𝐴2
∗  orientation and rotate towards a certain preferred orientation. Compared to the 
predicted results, the measured orientations are observed to rotate moderately faster. After 
45° degrees of HPT deformation, at position B, the pole figures in Fig. 5.5(b) show that the HPT 
deformation leads to a texture with a particular orientation distribution. Both the experimental 
measurement and simulation predictions reveal that the developed orientations indicated by 
black dots, change progressively from the initial orientation, black squares in the pole figures, 
to the orientation marked by red circles, which are the positions of the (001) orientation (ideal 
C component). Some poles in the pole figures of Fig. 5.5(b) have already reached the position of 
the first favoured orientation of ideal C component. When further deformed to 60° revolution 
angles, at Position C, the measured and predicted pole figures all show that the resulting 




orientations have concentrated into the ideal C orientation. It should be noted that the in the 
experimental pole figure of Fig. 5.5(c), a few poles extend to the next preferred orientation 
whereas in the predicted pole figures such an extension could not be observed. After the angles 
of sample rotation increase to 125°, at position D, the measured and predicted pole figures in 
Fig. 5.5(d) show a weak ideal C orientation and a strong orientation close to the second 
preferred orientation marked by red stars which could be recognized as 𝐴1
∗  component of ideal 
shear texture, indicating that most developed orientations have already rotated into the 
favoured 𝐴1
∗  orientation.  
It can be seen from Figs. 5.4 and 5.5 that the simulated pole figures have captured the main 
features of the experimental measurements reported in Ref. [48]. The good coincidence 
between the experimental measurements and simulation predictions demonstrate that the 
developed CPFEM model in this study could predict the developed texture during the HPT 
process.  





Fig. 5.5 Pole figures of the initial (111) nickel single after increasing revolution angles of HPT 
deformation of (a) 22.5°, (b) 45°, (c) 60° and (d) 125° (These pole figures correspond to positions of A 
(φ = 22.5°), B (φ = 45°), C (φ = 60°) and D (φ = 125°). These positions have been given Fig. 5.3) 




5.4 Mechanism of Texture Evolution 
5.4.1 Initial C Orientation of the (001) Nickel Single Crystal 
To understand how the texture evolved from the initial C crystallographic orientation to the 
preferred A1
∗  orientation in Fig. 5.4(a), the changes for the initial C orientation of the (001) 
nickel single crystal at different stages of HPT deformation were plotted, as shown in Fig. 5.6. 
All the orientations are presented by means of {111} pole figures recoded on θ-Z planes. In this 
study, only one mesh was considered as a representation. Under un-deformed condition, the 
initial C orientation is marked by black dots in the pole figure, as shown in Fig. 5.6(a). The 
orientations developed at different stages of HPT deformation are represented by red dots in 
the pole figures of Figs. 5.6(b)-(f), respectively. In Fig. 5.6(b), referring to 12° degrees of HPT 
deformation, one can see that the developed orientation rotates only minorly away from the 
initial C orientation. Further HPT deformation results in considerable lattice rotations and the 
developed orientations change significantly to occupy different positions in the pole figures, as 
shown in Figs. 5.6(c)-(d) where the sample undergoes about 18° , 23°  degrees of HPT 
deformation respectively. Fig. 5.6(e) shows that after 32° degrees of HPT deformation the 
resulting orientation approaches the A1
∗  component of the ideal shear texture and finally 
approximately occupies the position of ideal A1
∗  orientation after a sample rotation of 40°, as 
shown in Fig. 5.6(f). For the convenience of interpretation, the orientations depicted in Figs. 
5.6(b)-(f) are labeled as 1-5 respectively in the following context. 





Fig. 5.6 The predicted orientation changes for the initial C orientation of (001) nickel single crystal as a 
function of increasing revolution angles HPT deformation of (a) 0°, (b) 12°, (c) 18°, (d) 23°, (e) 32° and (f) 
40°. The orientations depicted in Figs. 5.6(b)-(f) are labeled as 1-5 respectively in the following context. 
The series of pole figures in Fig. 5.6 indicate that, with increasing HPT deformation, the lattices 
rotate progressively to accommodate the continuously introduced plastic deformation, leading 
to the crystallgraphic orientation changes of the initially C oriented crystal. In order to describe 
the rotation of the crystallographic orientation quantitatively during the HPT process, the 
misorientation of the initially C oriented crystal relative to the initial orientation was calculated 
and partitioned into three components which represent the rotation angles around R, θ, and Z 
axes of the local polar coordinate system, respectively. The partition method proposed by Wert 
et al. [268] was adopted and adjusted to the local polar coordinate system. Fig. 5.7 shows the 
results of lattice rotation angles along the R, θ, and Z axes with increasing HPT deformation. The 
horizontal axis of this figure represents the various levels of deformation in the form of 
revolution angles. The vertical axis of this figure stands for the lattice rotation angles. The 




positive value of the lattice rotation angle means the counter-clockwise rotation while negative 
value means the clockwise rotation. The resulting orientations labeled by 1-5 in Fig. 5.6 are 
visualized by green circles at their corresponding stain levels, as shown in Fig. 5.7. 
It can be seen from Fig. 5.7 that the rotation angles around R axis are significantly larger than 
the other two axes. A small amount Z-axis lattice rotation angles could be observed over only a 
short strain range while the rotation angles along the θ axis basically remain zero. This result is 
confirmed by previous experimental observations and simulations reported in [153,166,167], 
which revealed the predominance of single sense lattice rotations around the sample radial 
direction during the torsion deformation process. According to the evolution of lattice rotation 
along the radial direction shown in Fig. 5.7, the deformation process could be roughly divided 
into three stages: The initial stage I with nearly absence of lattice rotation, which ranges from 
0° to 12° degrees of HPT deformation; a middle stage II during which the R-axis lattice rotation 
angles increase progressively to ~50° . This stage ranges from 12°  to around 38°  HPT 
deformation; the final stage III with almost no further lattice rotation for the left strain range. 
Orientation 1 of Fig. 5.6(b) locates in stage I and therefore a nearly initial C orientation has been 
observed in the pole figure. Orientations 2 locates at the beginning of stage II when the crystal 
becomes initially rotated and ~5° R-axis lattice rotation could be seen in the pole figure of Fig. 
5.6(c). Orientations 3 positions about in the middle of stage II when the lattice rotation along 
the R axis increases dramatically, ~30 °  R-axis rotation angles have been seen in the 
corresponding pole figures of Fig. 5.6(d). Orientations 4 locates at the end of stage II and is 
about to enter stage III, until when the crystal has already underwent a large lattice rotation 
and ~50° rotations angles along the R axis could be found in the pole figure recorded in Fig. 
5.6(e). It’s worth noting that in stage II the crystallographic orientation does not rotate 
uniformly with increasing plastic deformation, specifically, when initially leaving the ideal C 
component and about to enter the ideal A1
∗  component, the lattice rotates at a relatively small 
rate, whereas away from the preferred orientations, the lattice rotation becomes significantly 
faster. This is again consistent with the experimental observations and simulations reported in 
[153,166,167] which revealed that the crystallographic rotation vectors converged adjacent to 
the main torsion deformation texture components and when rotated away from the ideal 




components the divergence occurred. Orientations 5 positions in stage III, the R-axis rotation 
angles are ~55° and once more illustrate relatively limited increase within the left strain range. 
 
Fig. 5.7 The predicted lattice rotations around R, θ and Z axes for the initial C orientation of (001) nickel 
single crystal as a function of increasing revolution angles HPT deformation. 
Fig. 5.8 shows the predicted results of six components of material strain rate (D), three 
components of material spin (Ω), resolved shear strain rates on twelve slip systems and three 
components of lattice spin (Ω∗) for the initial C orientation of the (001) nickel single crystal as a 
function of increasing applied HPT deformation. Under the condition of our simulation, one end 
of the sample was fixed while the opposite end twisted an angle under hydrostatic pressure. 
The material flowed away from its initial position on the shear plane as the plastic deformation 
proceeded. Therefore the strain rate component Dθz plays the main role during the whole 
plastic deformation process, while the other components are almost zero, as shown in Fig. 
5.8(a). Accordingly, the material spin component Ωθz (ΩR) is much larger than the other two 
components at any rotated position (see Fig. 5.8(b)). According to the Refs. [215,269], the 
predominant material spin tensor, ΩR, could be satisfied by two components: Ω
p caused by the 
slip and ΩR
∗  by the lattice rotation and stretching. ΩR
∗  represents the rate of rotation of the 
crystallographic orientation. The changes of resolved strain rates on twelve slip systems and the 
lattice spin components are presented in Figs. 5.8 (c)-(d) respectively, and they will be 
combined with the results in Figs. 5.8 (a)-(b) to explore the underlying mechanism of the 




crystallographic orientation changes for the initial C orientation of (001) nickel single crystal 
during the HPT process. 
The deformation process is also divided into three stages, same with that in Fig. 5.7. It can be 
seen from Fig. 5.8(c), during stage I, the major feature is that only two slip systems, namely b2 
and c2, which share the same crystallographic direction of [110] (see Fig. 5.1(a)), are activated. 
All the material strain rates (DθZ) in Fig. 5.8(a) are concentrated into these two predominant 
slip systems and therefore the magnitudes of resolved shear strain rate of b2 and c2 are 
significantly large. Under this condition, the dominant two slip systems can generate a 
sufficiently large plastic rotation (Ωp) to meet the requirement of the whole material rotation 
(ΩR) (see Fig. 5.8(b)). Thus the lattice rotation (ΩR
∗ ) is not necessary and remains almost zero 
(see Fig. 5.8(d)), leading to the crystal has a near-initial C orientation with increasing applied 
torsion straining in stage I (see orientations 1). 
During the early period of stage II, Fig. 5.8(c) shows that the magnitudes of resolved shear 
strain rate on the primary slip systems b2 and c2 grow even larger. Meanwhile, another two slip 
systems, namely a1 and a2, are initially activated successively. Therefore multiple slip systems 
are simultaneously functioned. It can be seen from Fig. 5.1(a) that the activated slip systems a1, 
a2, and b2 (c2) are all oriented along different directions and form 120° angles with each other. 
They provide opposing contributions to the overall plastic rotation (Ωp). However, during the 
early period, the resolved shear strain rates of a1 and a2 are so small that they only induce 
limited disturbance to the dominant slip of b2 and c2, resulting in a smaller overall plastic 
rotation (Ωp) than stage I. Thus a slight increase in lattice rotation (ΩR
∗ ) can be seen at the early 
period of stage II in Fig. 5.8(d) and a relatively small amount of R-axis lattice rotation of ~5° 
have been observed for orientations 2. As the deformation continues, the resolved shear strain 
rate on the dominant slip systems b2 and c2 decreases gradually to zero, while the strain rates 
of a1 and a2 increase continuously and their disturbance capacity grows further. The 
functioned slip systems possess almost the similar amount of strain rates but are oriented along 
different directions. This results in a very small overall plastic rotation (Ωp). Therefore the 
lattice has to rotate significantly (ΩR
∗ ) (see Fig. 5.8(d)) to meet the material rotation (ΩR) 




requirement induced by HPT deformation and a considerable amount of lattice rotations of 
~30° have been seen for orientation 3. Afterwards, accompanied by the decrease in the 
resolved strain rates of a1 and a2, another two differently-oriented slip systems, d1 and d2, are 
activated so that the multi-slip condition continues within the middle period of stage II. During 
the latter period of stage II, the strain rates of slip systems a1 and a2 evolve gradually smaller, 
while the strain rates of slip systems d1 and d2 become larger and tend to play a dominant role 
with increasing plastic deformation, producing an ever-increasing overall plastic rotation (Ωp). 
Accordingly, the lattice rotates at a decreasing rate of ΩR
∗  (see Fig. 5.8(d)) and a slightly further 
increase in R axes rotation has been observed for orientation 4 at the latter part of stage II. 
Fig. 5.8(c) shows that, during stage III, the disturbance of slip systems a1 and a2 basically 
vanishes, d1 and d2 have become the dominant slip systems that produce a given amount of 
overall glide rotation (Ωp) capable of satisfying the demands of the whole material rotation 
(ΩR). There is again a near-zero lattice rotation (ΩR
∗ ) in Fig. 5.8(d) and orientation 5 illustrates 
relatively limited further lattice rotation for the left strain range in Fig. 5.7. Seeing from Fig. 
5.1(a), slip systems d1 and d2 position in the same crystallographic plane of (111̅) and form the 
same angle with [112] crystallographic direction. The (111̅)[112] orientation is well known as 
A1
∗  component of the ideal simple shear texture.  





Fig. 5.8 The predicted results for the initial C orientation of (001) nickel single crystal as a function of 
increasing revolution angles HPT deformation. (a) Material strain rate, (b) Material spin, (c) Resolved 
shear strain rate and (d) Lattice spin. 
5.4.2 Initial Cube Orientation of the (001) Nickel Single Crystal 
The Cube orientation (001)[100] plays a central role in industrial thermo-mechanical processes. 
Enormous interests have been devoted to study the behavior of the Cube texture component in 
various deformation modes, as discussed in the Ref. [270]. In this section the initial Cube 
orientation of the (001) nickel single crystal deformed by the HPT process was investigated. The 
similar analytical method for the initial C orientation was applied. 
Fig. 5.9 shows the predicted {111} pole figures for the initial Cube orientation of the (001) nickel 
single crystal at different stages of HPT deformation. The initial cube orientation is represented 




by black dots, as shown in Fig. 5.9(a). The resulting orientations developed at different strain 
levels are indicated by red dots in the corresponding pole figures recorded in Figs. 5.9(b)-(g). 
The effect of the increasing torsion strain on the initial Cube orientation is firstly shown in Figs. 
5.9(b)-(c), which corresponds to the 6° and 12° revolution angles HPT deformation respectively. 
The predicted orientations rotate significantly away from their initial position in a clockwise 
direction due to continuous lattice rotations and locate around the position of rotated cube 
orientation in the pole figures. This agrees well with the results reported by Toth et al. [144]. 
They experimentally examined the texture after ECAP of an initially cube-oriented nickel single 
crystal and found that the texture showed strong rotated cube component in the billet. The 
developed rotated cube orientation is unstable. As the deformation proceeds, the 
crystallgraphic orientation keeps on rotating to accommodate the increasing introduced plastic 
strain. Figs. 5.9(d)-(f) respectively shows that after 22.5° , 27°  and 33°  degrees of HPT 
deformation, the poles rotate progressively and occupy positions that differ greatly from the 
rotated cube orientation. When the sample is further deformed, the orientations rotate 
gradually into a certain preferred crystallographic orientation. One can see from Fig. 5.9(g) the 
initially cube oriented crystal has the orientation close to the C component of the ideal torsion 
texture when the sample undergoes 42° revolution angles HPT deformation. Such a rotation 
has also been reported by Toth et al. [144]. They found by experimental measurements and 
crystal plasticity modeling that the orientation deviating from the exact cube orientation, just 
like the orientations in Figs. 5.9(b)-(c), rotated into the C texture component. For the 
convenience of interpretation, the orientations depicted in Figs. 5.9(b)-(g) are labeled as ①-⑥ 
respectively in the following context. 





Fig. 5.9 The predicted orientation changes for the initial Cube orientation of (001) nickel single crystal as 
a function of increasing revolution angles HPT deformation of (a) 0°, (b) 6°, (c) 12°, (d) 22.5°, (e) 27°, (f) 
33° and (g) 42°. The orientations depicted in Figs. 5.9(b)-(g) are labeled as ①-⑥ respectively in the 
following context. 
The lattice rotation angles around the R, θ, and Z axes for the initial Cube orientation of (001) 
nickel single crystal as a function of increasing revolution angles HPT deformation were studied 
and are shown in Fig. 5.10. The predicted orientations ①-⑥ in Figs. 5.9(b)-(g) were marked by 
green circles at their corresponding strain positions. The predominant lattice rotation along the 
R axis during the whole process could also be observed, as that illustrated in Fig. 5.7. Similarly, 
according to the evolution of R-axis rotations in Fig. 5.10, the deformation process could be 
roughly divided into three stages: the initial stage I ranging from 0° to about 17° degrees of HPT 
deformation; the middle stage II from 17° to around 38°; and the final stage III for the left strain 
range.  
In stage I, the R-axis lattice rotation presents an approximately linear increase to ~50° as 
applied plastic strain increases. By contrast, the θ and Z-axes lattice rotations remain basically 
unchanged apart from a minor increase in the θ-axis rotation at the end of this stage. This 
means that during this stage the lattice rotation is almost simply around the radial direction. 




Orientations ① and ② locate in stage I, ~20° and ~40° R-axis rotation angles have been 
observed in the corresponding pole figures of Figs. 5.9(b)-(c). In stage II, the lattice rotation 
becomes very different. It is no longer taking place simply around the R axis but around all 
three axes. The R-axis rotation angles increase continuously at a smaller rate than stage I to 
~85°. Accompanying with the R-axis rotation, the θ and Z-axes rotation angles illustrate a 
relatively small increment in the beginning, followed by a considerable increase and then tend 
to level off. Close inspections reveal that the θ and Z-axes rotation angles both reach to ~30° at 
the end of this stage. Orientations ③-⑤ locate in stage II. In addition to the main rotation along 
radial direction, a noticeable amount of θ and Z-axes lattice rotations have also been observed 
for these predicted orientations. For example, orientation ⑤, obtained after 33° degrees of HPT 
deformation, reveals the combination rotations of ~80° along R axis, ~20° along the θ axis and 
~20° along the Z axis. In stage III, the lattice rotations around all three axes slow down 
dramatically to converge and show relatively limited further increase for the left strain range. 
Orientation ⑥ positions in this stage and ~90° R-axis rotation angles have been found in the 
pole figure (see Fig. 5.9(g)) 
 
Fig. 5.10 The predicted lattice rotations around R, θ and Z axes for the initial Cube orientation of (001) 
nickel single crystal as a function of increasing revolution angles HPT deformation. 
The evolutions of the six material strain rate (D) components, three material spin (Ω) 
components, resolved shear strain rate (γ̇(α)) on twelve slip systems, and the three lattice spin 




(Ω∗) components for the initial Cube orientation of (001) nickel single crystal with respect to the 
increasing HPT deformation were also examined and the results are given in Fig. 5.11. The six 
predicted orientations described in Figs. 5.9(b)-(g) were labeled out at their corresponding 
strain levels. Figs. 5.11(a)-(b) show that the components of material strain rate DθZ  and 
material spin ΩθZ  change with regards to the increasing plastic deformation and their 
magnitudes are much larger than their counterparts at any rotated position. Meanwhile, at 
certain strains, there are moderate increases in the components DRZ and ΩRZ whereas the 
remaining material components remain basically unchanged at relatively small values.  
At the beginning of stage I, eight slip systems are simultaneously activated having relatively 
large resolved shear strain rates, as shown in Fig. 5.11(c). Then the strain rates of four of the all 
eight slip systems, a1, b2, c1 and d3, increase with the plastic straining while the reminders 
decrease gradually to zero. As the deformation proceeds, the resolved shear strain rates on a1, 
b2, c1 and d3 decrease from their peak values progressively to zero, meanwhile, another four 
differently oriented slip systems, namely a2, b1, c3 and d2, are initially activated to co-operate. 
In general, the multi-slip of eight slip systems takes place during this stage. Each of the slip 
systems of interest produces a rotation component, the resultant of which is the overall glide 
rotation (Ωp) is near-zero because the slip vectors are all differently oriented (see Fig. 5.1(a)). 
The lattice rotation (ΩR
∗ ) is almost equal to the material rotation (ΩR) during stage I (ΩR
∗ /ΩR ≃
1), as shown in Figs. 5.11(b) and (d). Therefore the lattice rotates simply in the direction of the 
imposed material rotation of the radial direction and the R-axis rotation angles increase 
approximately linearly. The initial Cube orientation recorded in Fig. 5.9(a) have been found 
rotating simply along the R axis to occupy the positions of orientations ① and ②, namely 
rotated cube orientation in Figs. 5.9(b)-(c). This is in good coherence with the results that have 
been published previously for torsion deformation. Rose and Stüwe [271] published 
experimental results for initially strongly cube oriented textured tubes in torsion for copper. 
They have found that the texture was simply rotated with the rigid body rotation. The plastic 
deformation, however, was not large. Toth and Jonas [272] showed by analytical modeling that 
in simple shear of cube orientation the plastic spin was zero so that the lattice spin was equal to 
the rigid body spin for any rotated position of the initially cube oriented crystal, therefore it 




rotated in the direction of the imposed rigid body rotation. The same result has been found in 
the present work, at least up to an imposed rotation angle of the sample by 17° (see Fig. 5.10). 
At this position, the Cube orientation has rotated by ~50° around the radial direction.  
At the early period of stage II, with the resolved strain rates of slip systems a2, b1, c3, and d2 
diminish gradually to zero, another three differently oriented slip systems, namely a3, c2 and 
d1, are activated and the multiple slip situation maintains. Accordingly, the lattice is further 
rotated mainly around radial direction at a smaller rate than stage I to compensate for the 
difference between material rotation (ΩR) and plastic rotation (Ω
p). It should be noted that at 
the end of stage I and the early period of stage II, a moderate increase in  Ωθ
∗  could be observed 
in Fig. 5.11(d). It’s reasonable to expect that this is responsible for the slight increase in the θ-
axis lattice rotation for orientation ③ which occupied positions deviating from the rotated cube 
orientation in the pole figure of Fig. 5.9(d). During the middle region of stage II, as shown in Fig. 
5.11(c), the slip condition becomes very different. There are four slip systems operating 
together. Of them, slip systems c1 and d1 share the same [011] crystallographic direction (see 
Fig. 5.1(a)) and both possess significantly large strain rates. They can produce a large amount of 
plastic rotation (Ωp); meanwhile, slip systems a3 having significantly large strain rate and c2 
with moderately large strain rate, are differently oriented and both form 120° angles with c1 
(d1) (see Fig. 5.1(a)), which therefore apply strong disturbance to c1 and d1. Under such 
circumstances, a large amount of lattice rotation (ΩR
∗ ) is needed to satisfy the requirement of 
material rotation (ΩR), as shown in Fig. 5.11(d), and ~70° R-axis rotation angles have occurred 
for orientations ④. At the latter period of stage II, the resolved shear strain rate of slip system 
a3 decreases gradually while the strain rates of c1 and d1 remain relatively large. The 
disturbance capacity of a3 grows weaker gradually, leading to an increasing overall plastic 
rotation (Ωp). The dependence of the material rotation (ΩR) upon the lattice rotation (ΩR
∗ ) 
reduces accordingly. Thus a smaller lattice rotation (ΩR
∗ ) is needed to meet the material 
rotation demand during this period, as shown in Fig. 5.11(d). It’s worth noting, during stage II, 
components  Ωθ
∗  and  ΩZ
∗  both present a moderate increase to reach a peak value and then 
decrease gradually in Fig. 5.11(d), which is supposed to contribute to the considerable increase 
of θ and Z-axes lattice rotations in Fig. 5.10. Thus a noticeable amount of lattice rotations along 




θ and Z axes have been observed for orientations ④ and ⑤ in addition to the further R-axis 
rotations in the pole figures of Figs. 5.9(e)-(f).  
In stage III, c1 and d1 become the primary slip systems that dominate the plastic deformation, 
which produces a sufficiently large plastic rotation (Ωp) to almost fully satisfy the demands of 
the whole material rotation (ΩR). A near-zero lattice rotation (ΩR
∗ ) therefore could be observed 
in Fig. 5.11(d). Orientation ⑥ locate in this stage, which occupied positions close to the ideal C 
orientation in the pole figure of Fig. 5.9(g) and illustrated relatively limited further increase in R-
axis lattice rotation in Fig. 5.10. 
 
Fig. 5.11 The predicted results for the initial Cube orientation of (001) nickel single crystal as a function 
of increasing revolution angles HPT deformation (a) Material strain rate, (b) Material spin, (c) Resolved 
shear strain rate and (d) Lattice spin. 




5.4.3 Initial (111) Nickel Single Crystal 
To understand the texture development process depicted in Figs. 5.5(a)-(d), the changes of the 
initial 𝐴2
∗  crystallographic orientation of the (111) nickel single crystal with increasing sample 
rotation angles from 0° to 130° were plotted, as shown in Fig. 5.12. The initial 𝐴2
∗  orientation is 
marked by black dots in Fig. 5.12(a). The orientation developed after 28° degrees of HPT 
deformation is shown in Fig. 5.12(b). It is seen that the crystal has rotated significantly away 
from the initial 𝐴2
∗  orientation. Fig. 5.12(c) shows the resulting orientation after 60° revolution 
angles HPT deformation where the predicted poles have already rotated into the first preferred 
orientation, namely the ideal C component. The crystal is capable of maintaining the C texture 
component with increasing plastic deformation and is observed to still have this orientation in 
Fig. 5.12(d) when subjected to 100° angles of sample rotation, indicating that the C orientation 
is a relatively stable orientation during the HPT process. This simulation result is consistent with 
the experimental observations and Taylor type modeling conducted by Hafok and Pippan [48] 
who also reported that the ideal C component could be maintained over a large range of 
straining in HPT. When further deformed, the rotation of the crystallographic orientation 
continues. After 120° degrees of deformation, the orientation in Fig. 5.12(e) is seen to occupy 
positions deviating greatly form the ideal C orientation and tend to rotate towards the next 
favored orientation. One can see from Fig. 5.12(f) that the second preferred orientation, 
namely the ideal 𝐴1
∗  component, has already been approached in the pole figure when the 
sample undergoes 130 °  revolution angles of rotation. For convenience, the developed 
orientations recoded in Figs. 5.12(b)-(f) are indexed by (1)-(5) respectively. 





Fig. 5.12 The predicted orientation changes for the initial 𝐴2
∗  orientation of (111) nickel single crystal as a 
function of increasing revolution angles HPT deformation of (a) 0°, (b) 28°, (c) 60°, (d) 100°, (e) 120° and 
(f) 130°. The orientations depicted in Figs. 5.12(b)-(f) are labeled as (1)-(5) respectively in the following 
context. 
Fig. 5.13 illustrates the lattice rotations around R, θ, and Z axes for the initial 𝐴2
∗  orientation of 
(111) nickel single crystal as a function of increasing degrees of HPT deformation. It can be seen 
form Fig. 5.13 that the lattice rotates predominately along the radial direction whereas the θ 
and Z axes rotation angles are negligibly small, which is similar to that depicted in Fig. 5.7. 
Moreover, R-axis lattice rotation is characterized by five distinctly different sub-regions 
including three stable-state / quasi-stable-state regions (region 𝐴2
∗ , C and 𝐴1
∗ ) with almost 
absent of lattice rotation and two transient regions between two adjacent stable regions where 
the R-axis rotation angles increase dramatically, as shown in Fig. 5.13. The 𝐴2
∗  region ranges 
from 0°-20° degrees of HPT deformation, the C region ranges from about 50° to 110° and the 
𝐴1
∗  region ranges from around 130° to the remaining strain.  




The predicted orientations (1)-(5) recorded in Figs. 5.12(b)-(f) were also marked by green circles 
at their corresponding strain positions, as shown in Fig. 5.13. Orientation (1) locates in the 
transient region between the stable regions 𝐴2
∗  and C, and ~23° R-axis rotation angles could be 
observed in the pole figure of Fig. 5.12(b). Orientations (2)-(3) position in the stable C region 
and the R-axis rotation angles are both ~55°, as shown in the corresponding pole figures of Figs. 
5.12(c)-(d). Orientation (4) locates in the transient region between the stable regions C and 𝐴1
∗  
and the R-axis rotation angles reach ~75° in the pole figure of Fig. 5.12(e). Orientation (5) 
positions in the stable region 𝐴1
∗  where ~110° R-axis rotation angles exist in the pole figure (see 
Fig. 5.12(f)). 
 
Fig. 5.13 The predicted lattice rotations around R, θ and Z axes for the initial 𝐴2
∗  orientation of (111) 
nickel single crystal as a function of increasing revolution angles HPT deformation. 
Figs. 5.14(a)-(d) respectively show the evolutions of the six material strain rate (D) components, 
three material spin (Ω) components, the resolved shear strain rate (γ̇(α)) on twelve slip systems 
and the three lattice spin (Ω∗) components for the initial 𝐴2
∗  orientation of (111) nickel single 
crystal with respect to the increasing revolution angles HPT deformation. The three stable 
regions (𝐴2
∗ , C and 𝐴1
∗ ) and the resulting orientations (1)-(5) depicted in Figs. 5.12(b)-(f) were 
also given in Fig. 5.14.  




For the three stable regions, the major characteristic in Fig. 5.14(c) is that two slip systems 
dominate the plastic deformation of these regions, specifically, they are a1 and a2 (on the same 
(111) crystallographic plane) for 𝐴2
∗  region, b2 and c2 (share the same [110] crystallgraphic 
direction) for C region and d1 and d2 (on the same (111̅) crystallographic plane) for 𝐴1
∗  region. 
The magnitudes of the resolved shear strain rates of the dominant slip systems are relatively 
large as all the introduced material strain rates DθZ are concentrated on the primary slip 
systems. Under these circumstances, the dominant slip systems are capable of generating a 
sufficiently large overall plastic rotation (Ωp) that could fully satisfy the requirements of 
material spin (ΩR), so that lattice rotation (ΩR
∗ ) is not needed. Thus lattice rotation (ΩR
∗ ) is 
basically zero for these three stable regions, as shown in Fig. 5.14(d). The R-axis rotation angles 
of orientations (2)-(3) in region C and orientation (5) in region 𝐴1
∗  were observed to be stabilized 
at ~55° and ~110° respectively in Fig. 5.13.  
For the two transient regions, the slip condition in Fig. 5.14(c) becomes complicated and is 
featured by multiple slips. Close inspections reveal that slip systems a1, a2, d1 and d2 and slip 
systems d1, d2 and b2 (c2) are successively functioned in the transient region between the 
stable regions 𝐴2
∗  and C; while for the transient region between the stable regions C and 𝐴1
∗ , slip 
systems b2 (c2), a1 and a2 and slip systems a1, a2, d1 and d2 are successively co-operate. The 
functioned slip systems possess almost the similar amount of resolved shear strain rates but the 
slip vectors are seen to be all different oriented in Fig. 5.1(a). Under these conditions, they 
provide opposing contributions to the overall plastic rotation (Ωp) and result in a relatively 
small Ωp, so that the lattice has to rotate to compensate for the difference between material 
rotation (ΩR) and plastic rotation (Ω
p). Thus one can see clearly from Fig. 5.14(d) that the 
lattice rotations (ΩR
∗ ) are significantly large for these two transient regions. Orientations (1) and 
(4) locate in these two transient regions and are observed to have already rotated significantly 
away from the ideal 𝐴2
∗  and C texture components respectively along the radial direction in the 
pole figures of Figs. 5.12(c) and (e). 





Fig. 5.14 The predicted results for the initial 𝐴2
∗  orientation of (111) nickel single crystal as a function of 
increasing revolution angles HPT deformation (a) Material strain rate, (b) Material spin, (c) Resolved 
shear strain rate and (d) Lattice spin. 
5.5 Summary  
1. For the first time, a CPFEM model integrated with Bassani & Wu hardening modulus, has 
been established to investigate the texture evolution of (001) and (111) nickel single crystals 
during the HPT process. The texture results predicted by the developed CPFEM model were in 
good coherence with the previously published experimental measurements. 
2. The simulation results showed that different crystallographic orientations rotated towards 
different ideal shear texture components with respect to the torsion deformation in HPT. 




During this process, lattice rotated predominately along the radial direction. While for initial 
Cube orientation of (001) nickel single crystal, a noticeable amount of θ and Z-axes rotation 
angles could also be observed in this study. Moreover, lattice did not rotate uniformly during 
the HPT process, the rotation rate converged when approaching the main components of the 
ideal shear texture but it diverged between the ideal shear orientations. 
3. The evolution of the initial C and Cube orientation of the (001) nickel single crystal and initial 
𝐴2
∗  orientation of the (111) nickel single crystal were analysed in detail to explore the 
underlying mechanism for texture evolution during the HPT process. For HPT deformation, 
material spin was usually larger than other deformation techniques due to severe shear 
deformation. The material spin requirement could be met by either plastic rotation rate or 
lattice spin. The lattice spin, which is the difference between material spin and the plastic 
rotation rate, was controlled by the plastic rotation rate. Under dominant-slip condition, 
material spin could be mainly or even fully satisfied by plastic rotation rate and thus the lattice 
spin was very small or even dropped to zero, which led to relatively limited orientation change 
or even stable orientation with increasing HPT deformation; while for multi-slip condition, each 
of the slip systems of interest produced a rotation component, the resultant of which was the 
overall glide rotation rate was small, the lattice must rotate to generate large lattice spin to 
satisfy the material spin requirement, which led to significant orientation changes. When the 
resulting overall glide rotation rate was zero, the lattice spin was equal to the material spin so 
that the lattice rotated simply in the direction of the imposed rigid body rotation. Dominant slip 
and multiple slip competed against each other to minimize the total energy consumed in the 
system, which is assumed to be responsible for texture evolution of nickel single crystal during 
the HPT process. 
 
 




Chapter 6 Investigation of Grain Refinement of 
Nickel Single Crystal during HPT by CPFEM 
Simulation 
In this chapter, the developed CPFEM model is extended to simulate the grain refinement 
process of nickel single crystals during the HPT process. The grain fragmentation process of 
nickel single crystals in HPT and the underlying mechanism will be discussed in detail. 
6.1 Introduction 
Conventional heavy deformation processes, such as rolling, drawing and extrusion, can result in 
significant grain refinement, but the structures formed usually have low angle grain boundaries 
[11]. However, UFG materials processed by the SPD processes, especially HPT, are characterised 
by smaller grains that are mainly surrounded by high angle grain boundaries. It has been well 
known that most excellent properties of UFG materials are relevant to the substantially small 
grains and high angle grain boundaries. Therefore, a comprehensive understanding of the grain 
refinement mechanism and formation of high angle grain boundaries will facilitate 
development of a new generation of UFG materials. 
The existing grain refinement theories are generally obtained based on experimental 
investigations of the evolution of microstructure in the HPT-deformed materials 
[38,53,139,140,273,274]. The most commonly accepted type of grain refinement mechanism 
due to large strain induced by HPT are based on the notion that a dislocation cell structure, 
which forms already in the early stages of plastic deformation, gradually transforms to the final 
fine grain structure [4]. This is believed to occur through continual decrease in the average 
grain size accompanied by accumulation of misorientation between neighbouring dislocation 
cells. Recently, the two-dislocation density model, based on the above grain refinement theory, 




has been employed to simulate the HPT process [69,72,73]. In this model, the constitutive 
formulation was based on a phase mixture model where the dislocation cell walls and the cell 
interiors were considered as separate ‘phases’ [4]. Estrin et al. [69] applied this model to 
resolve the controversial issue of the occurrence of a uniform microstructure as a result of an 
inherently non-uniform deformation during the HPT process. Lee et al. [72,73] used this model 
to investigate the cell/grain size evolution with the accumulation of dislocation density. Both 
simulations have proved that the two-dislocation density model was a good tool for describing 
and predicting the evolution of microstructure during the HPT process. 
An alternative explanation would be the source–sink mechanism for dislocations 
[148,149,275,276]. During deformation the dislocations glide through the grain and contribute 
to local deformation. When the dislocation reaches the boundary region it can be trapped or 
annihilated by other dislocations, producing misorientation between the adjacent grain 
fragments. Horita and his co-workers investigated the microstructural evolution of high purity 
Al [132] and Cu [87] processed by HPT and proposed that the grain refining mechanism in HPT 
follows the microstructural evolution as dislocation accumulation, formation of subgrain 
boundaries, enhancement of misorientation angle, absorption of dislocations at high angle 
boundaries and establishment of a steady state due to a balance between dislocation 
generations by HPT and dislocation absorption at high angle boundaries. 
On the other hand, the experimental observations of Pippan [85,151,152] and others 
[153,157,159,161] favored the intergranular gliding of dislocations and the crystal lattice 
rotation model in HPT. In order to maintain compatibility during HPT deformation, different 
sets of slip systems would be activated in different regions of a grain and thus leading to strong 
heterogeneities in the local lattice rotation within the single grain. Different regions of a grain 
under deformation rotate towards a number of distinctly different orientations. The formation 
of boundaries is accompanied by the rotation of individual structural elements, which promotes 
fragmentation of the microstructure in the HPT process [277,278]. Crystal plasticity modelling, 
based on the assumption that crystalline material under load undergoes a crystallographic slip 
due to dislocation motion on the active slip systems and elastic deformation including 




stretching and rotating of the crystal lattice, has been used extensively to describe the grain 
refinement of SPD processes, such as ECAP [210,279–281]. However, for the HPT process, quite 
few studies have been reported in the literature. Hafok and Pippan [48] applied a full 
constrained Taylor model to predict the development of crystallographic orientation of nickel 
single crystal during the HPT process. Owning to well-known shortcomings of the Taylor model, 
it gave only reasonable predictions of the texture evolution and did not study the grain 
refinement. Accepting that HPT shearing is achieved by intergranular glide [85,151,152], 
Kratochvíl and his co-authors [70,71,180,181] attempted to interpret the fragmentation process 
within the framework of crystal plasticity. They found that the basic feature of substructure 
formation was the effective rotation of the double slip and the local variations in the crystal 
lattice orientation were mainly responsible for the microstructure fragmentation. They 
interpreted the size of the subgrains as the result of a competition between the internal and 
dissipative energy which tended to decrease the refined structural size and the interface energy 
of the cell boundaries opposed this tendency. Despite that the proposed model revealed the 
initiation of the fragmentation and the trends of its evolution, due to these simpifications (The 
evolution of the HPT microstructure was simulated by considering a rectangular volume 
element volume which was subjected to the spatially homogenous plane-strain, rigid-plastic 
deformation carried by double slip. The rate-independent material response was considered), 
the model provided only limited valuable information on the grain refinement mechanism 
during the HPT process. 
Since severe plastic deformation has occurred in HPT, and it will definitely lead to the 
fragmentation process of HPT deformed materials. In this study, a 3D crystal plasticity finite 
element model which assumes that slip is the plastic deformation mechanism was developed to 
simulate the grain fragmentation of (001) nickel single crystal during the HPT process. Grain 
maps detected at different stage of HPT deformation are presented. The main purpose of this 
work is to study how an original single crystal fragments into many different oriented grains 
after HPT deformation and to explore the underlying mechanism. 




6.2 Simulation Procedure  
The CPFEM model of the HPT process adopted for texture study in Chapter 5 was further used 
to investigate the grain refinement behavior. In this study the initially (001) oriented nickel 
single crystal was selected for the grain refinement simulation. At each level of strain, the grain 
detection method followed that proposed by Bachmann et al. [282], we recall the principle 
procedures of this method first as follows: 
(1) The resulting data including the measurement locations and orientations of the interested 
domain obtained from the experimental measurements are imported for preparation, as shown 
in Fig. 6.1(a). A two dimensional region was considered, where the measurement locations are 
marked by black dots and their corresponding orientations are displayed as directions for 
simplicity. 
(2) Voronoi decompositions of the measurement locations in the selected domain are 
conducted. This results in a series of Voronoi cells, as shown in Fig. 6.1(b). Each Voronoi cell 
carries its own orientation information and the information about the vertices and edges of the 
cells are stored in the corresponding incidence matrices. 
(3) These incidence matrices are used to find all the adjacency pairs. Each pair has two Voronoi 
cells which share a common edge. The adjacency pairs record which of the measurement 
locations are adjacent, i.e., the position of potential grain boundaries. These neighborhood 
relationships are illustrated in Fig. 6.1(c) where the neighbouring Voronoi cells are linked by 
hatched red lines.  
(4) The common edge between two adjacent Voronoi cells is checked to see whether it is an 
actual grain boundary. In their study, the term misorientation refers to the minimum angle θmin 
among all the crystallographically equivalent rotations that bring the lattices of adjacent grains 
into coincidence. The common edge is defined as a grain boundary if the corresponding 
misorientation angle exceeds a given threshold angle θc. More specifically, if the misorientation 
θmin between orientations in measurement locations A and B is smaller than θc, A and B are 
identified as being within the same grain, their common edge is not a grain boundary. The 
adjacent measurements that are not separated by a grain boundary are then linked together by 
bold red lines, as shown in Fig. 6.1(d). Otherwise, if θmin ≥ θc, they consider A and B two 




different grains and the common edge between them as a grain boundary. The grain 
boundaries between two neighbouring Voronoi cells are denoted by bold black lines, as shown 
in Fig. 6.1(e).  
(5) A grain is defined as a region in which the misorientation of at least one neighbouring 
measurement location is smaller than the threshold angle θc . By following this grain 
characterization rule, all the developed grains could be detected, as shown in Fig. 6.1(f). 
 
Fig. 6.1 A schematic diagram of grain detection from EBSD data [282]. (a) Location and orientation data 
of a rectangular domain. (b) The Voronoi decomposition of the measurement locations. (c) The 
neighborhood relationships of the Voronoi cells (d) Adjacent measurements that are not separated by a 
grain boundary are linked by bold red lines. (e) Adjacent measurements that are separated by a grain 
boundary. The grain boundaries are represented by bold black lines. (f) Resulting partition displaying the 
detected grains.  




At each stage of HPT deformation, the EBSD data including locations of integration points and 
the corresponding orientations obtained from the CPFEM simulations was imported to 
reconstruct the grain map. All the predicted grain maps were recorded at rectangular regions in 
the same tangential direction of φ = 75°. The shear direction is approximately the same within 
the selected region and it is convenient for the obtained results to be expressed in the polar 
coordinate systems. For each selected region, the horizontal direction is the radial direction (RD) 
while the vertical direction refers to the axial direction (AD), as shown in Fig.6.2. The length of 
the rectangular region spreads from 4-5mm from the center of the sample and the width covers 
the whole thickness of the sample. Overall 23660 elements were generated for the disk-shaped 
sample. In the selected region, there were RD=6 and AD=10 elements in the radial and axial 
direction, respectively (see Fig. 6.2). Potentially, this mesh permits fragmentation into a 
maximum of RD X AD grains in the selected cross-section. The meshes used here are expected 
to be too coarse to represent the grain-scale deformation. However, we do expect the meshes 
to be able to capture the prominent features associated with grain fragmentation during the 
HPT process.  
 
Fig. 6.2 Schematic description of the region selected for grain detection. 
6.3 Detection and Description of Grain Refinement 
In this study the evolution of grain subdivision and the corresponding crystallographic texture 
of (001) nickel single crystal with increasing strain levels of HPT deformation of N=1/8 turn, 1/4 




turn, 3/8 turn and 1/2 turn were predicted by the developed CPFEM model. The results are 
shown in Fig. 6.3. In all the resulting grain maps, the colors of each grain were determined by 
their mean orientation, as illustrated in the unit triangle. High angle grain boundaries (HAGB) 
surrounding the developed grains with misorientation larger than 13° were depicted by black 
lines. The corresponding textures were presented in terms of {111} pole figures which were 
recorded on θ − Z planes. In all the pole figures, the resulting orientations obtained at different 
levels of strain were marked by black dots and the positions of main components of ideal 
torsion texture were also visualized using different symbols. The starting material was nickel 
single crystal which was oriented with the (001) crystallographic plane lying parallel to the Z axis. 
Therefore, only one grain, colored dark red, could be observed in Fig. 6.3(a). 
The effect of increasing plastic strain on the grain fragmentation is initially illustrated in Fig. 
6.3(b), referring to N=1/8 turn deformation. Fig. 6.3(b) shows that grain refinement has already 
taken place in the original single crystal. On the left side of the map, which is away from the 
edge of the sample, three lamellar substructures are developed which are delineated by HAGBs 
located close to the top surface and at one third of the sample thickness, respectively. The 
major axes of the substructures are almost parallel to the radial direction. The interior of the 
substructures are clear without the alternation of local domain orientations because only the 
mean orientation of each grain was computed. Meanwhile, a few differently oriented grains 
appear at the area close the edge of the sample ranging from 4.7mm~5mm in sample radius. 
The morphology and size of these grains differ significantly, some grains retain a lamellar 
structure, while some substructures are further deformed to smaller sizes, especially close to 
the sample surface. The poles in the pole figure mainly concentrate around two orientations 
but spread slightly around the rotated position, which corresponds to the two large grains on 
the left side of the grain map in Fig. 6.3(b). Meanwhile, a minor presence of the isolated poles 
due to grain subdivision could also be observed. 
After further deformation to N=1/4 turn, at the left side of the selected R-Z plane, more grains 
with typical lamellar shapes surrounded by HAGBs could be observed in Fig. 6.3(c). The major 
axes of these grains are aligned in the radial direction while the sizes decrease compared to 




that in Fig. 6.3(b). The same tendency of an increasing number of grains while approaching the 
sample periphery is also seen. Smaller grains are visible near the edge of the sample and their 
appearances are similar to that formed after N=1/8 turn deformation. The developed 
orientations becomes more complex in the pole figure of Fig. 6.3(c) with ever increasing 
isolated poles could be cleared observed. Moreover, further torsion straining contributes to the 
formation of a combination of A1
∗  and A2
∗  components of the ideal torsion texture which align 
the {111} crystallographic planes with the axial direction. 
As HPT deformation proceeds, the process of grain subdivision continues. After N=3/8 turn 
torsion deformation, Fig. 6.3(d) shows that the grain refinement evolves gradually from the 
edge of the sample to the center. Many fairly small grains with various orientations surrounded 
by HAGBs are developed. Close examinations reveal that about eight grains has already formed 
in the axial direction, which is close to the number of mesh layers through the whole thickness. 
Meanwhile, lamellar substructures could be still observed, especially in the middle of the cross-
plane. The corresponding crystallographic orientation distribution in the pole figure of Fig. 6.3(d) 
reveals that the ideal C component dominates the developed texture at this particular level of 
strain.  
As the accumulative straining reaching a relatively high level of N=1/2 turn, as shown in Fig. 
6.3(e), the selected region is characterized by polycrystals with an array of much finer 
substructures bounded by HAGBs. The variations in grain size decrease significantly and 
deformation-induced grains tend to be more homogenously distributed in the selected R-Z 
plane. The resulting orientations in the pole figure of Fig. 6.3(e) represent a strong ideal torsion 
texture revealed for the case of shear deformation in FCC metals. 
 





Fig. 6.3 The detected grain maps and the corresponding crystallographic texture of (001) nickel single 
crystal after subjected to (a) N=0, (b) N=1/8 turn, (c) 1/4 turn, (d) 3/8 turn and (e) 1/2 turn HPT 
deformation. 





Fig. 6.4 The orientation map recorded on the R-Z plane after 1/16 turn HPT deformation. 
The simulation results in the present work obtained by the developed CPFEM model are 
capable of predicting the prominent characteristics associated with grain refinement during the 
HPT process. Pippan et al. [152] experimentally examined the orientation map of a copper 
single crystal after initially deformed by HPT to an equivalent strain of about 0.7. They found 
there were continuous changes in the color, i.e., the continuous changes in the crystal 
orientation from top to bottom surface. Such a continuous change in the grain color could also 
be predicted by the developed CPFEM model, as shown in Fig. 6.4 (N=1/16 turn), in which this 
change in crystal orientation along the axial direction is clearly visible while the HAGB is not 
formed. Moreover, for larger strains, our simulation results in Figs. 6.3(b)-(e) showed that the 
lamellar shaped substructures could be observed with the major axes lying approximately along 
the radial direction. This is consistent with the experimental observations made by Orlov et al. 
[140]. They analyzed the experimental observations together with many other reports and then 
constructed a geometrical analogy model to illustrate the microstructure morphology changes 
with respect to the observational directions. While on the R-Z plane, they found that the 
deformation induced grain were lamellar and clearly elongated along the radial direction. 
Furthermore, Figs.6.3 showed the evolution of the grain refinement process with increasing 
HPT deformation was quite obvious. The grain refinement process initialized at the periphery of 
the sample and then evolved inwards towards the center of the sample. There was a tendency 
for the fraction of substructures surround HAGBs to increase while the grain size decreased 




with increasing plastic deformation. The original single crystal has fragmented into many fine 
volumes of widely different orientations in the cross section investigated. 
It should be noted that in our simulation, due to limitations in the number of meshes, only a 
few grains formed in deformation which were considered for any discussion of texture. In Fig. 
6.3, the A1
∗  and A2
∗  components emerged after N=1/4 turn deformation, the C component 
dominated the texture developed after N=3/8 deformation and finally a typically ideal torsion 
texture formed after N=1/2 turn deformation. The simulation results of the evolution of local 
texture in the present work are in good coherence with the results published previously for 
HPT/torsion deformation. In 1985, Jonas et al. [283] investigated the texture development 
during torsion testing and found that in the FCC case the A-fibre texture set predominated at 
small strains, the C component replaced it at intermediate strains, and the A-fibre was 
reintroduced at large strains. Orlov, et al. [49] and Langdon et al. [53] used the EBSD technique 
to investigate the crystallographic texture formation process in pure aluminum and nickel 
subjected to HPT deformation. Similar to our simulation results, they reported that during HPT 
deformation, the developed texture varied in a symmetrical manner with increasing strain: for 
lower strain, the texture was dominated by the orientation mainly belong to A-fibre; with the 
increasing strain, the A-fibre decreased and the C-fibre became dominately stronger; further 
increasing the strain, the texture indicated a strong ideal torsion texture. At small strains, the 
initial grain refinement has just occurred, according to [53,283], the Taylor strain compatibility 
should be strict and the formation of a combination of the A1
∗ /A2
∗  texture in Fig. 6.3(c) was 
expected; for larger strains, the C shear texture in Fig. 6.3(d) usually formed under a relaxed 
strain compatibility and was generally associated with the formation of elongated grain 
structures [49,53,54,283]; for even higher strains, the predicted ideal torsion texture in Fig. 
6.3(e) agreed well with many other experimental observations of single crystal and 
polycrystalline materials deformed by HPT [43,44,47,48,52,54] 




6.4 Mechanism of Grain Refinement  
In order to explore the underlying mechanisms of grain refinement during the HPT process, 
especially how one single crystal fragments into many different oriented portions in the 
beginning, the predicted grain map after N=1/8 turn deformation in Fig.6.3(b) and the 
corresponding crystallgraphic orientations were re-examined and analyzed in detail. For 
convenience, the detected grains were indexed from 1 to 10 respectively, as shown in Fig. 6.5. 
To help interpreting the grain refinement process, the orientation of individually predicted 
grain was plotted in terms of (111) pole figure recorded on the θ-Z plane, as shown in Figs. 
6.6(a)-(j) respectively. In each pole figure, the predicted orientations of the meshes inside each 
grain were denoted by black dots and the corresponding initial orientations were marked by 
red asterisks. All the developed orientations will be discussed in detail in the following context. 
The investigations of grain refinement mechanism were carried out along two directions: one is 
the radial direction and the other one is the axial direction. 
 
Fig. 6.5 The predicted grain map after N=1/8 turn HPT deformation. The detected grains are indexed 
from 1 to 10 respectively. 





Fig. 6.6 The predicted {111} pole figures of the various detected grains recorded in Fig. 6.5. 




6.4.1 Grain Refinement along the Radial Direction 
The grain refinement process along the radial direction was examined first. The neighbouring 
grains along the radial direction with decreasing distance from the top surface in Fig. 6.5, 
specifically, Grains 1, 2 and 3, Grains 4 and 5, Grains 7 and 10, Grains 8 and 10, Grains 9 and 10, 
were comparatively analyzed in terms of {111} pole figures and lattice rotation angles, as 
shown in Fig.6.7 and 6.8 respectively. It should be noted that there were more than one mesh 
inside some of the detected grains. In this study, for each grain, only one mesh which was just 
adjacent to the HAGB sounded the detected grain was selected for analysis. The resulting {111} 
pole figures in Fig.6.7 were all recorded on θ-Z planes. The initial orientations were marked by 
red asterisks. The developed orientations of the detected grains after 45° sample rotation 
deformation were denoted by thick dots of different colors and the grain ID for each color was 
also given in Fig.6.7. In each pole figure, one can see from Fig.6.7 that the grains selected for 
analysis has almost the same initial orientation. The lattice rotation angles of detected grains 
relative to the initial orientations were calculated and partitioned into three components which 
represent the rotation angles around the R, θ and Z axis, respectively. The R, θ and Z axes 
lattice rotation angles were plotted as a function of increasing HPT deformation to 45° 
revolution angles (N=1/8 turn), as shown in Fig. 6.8.  
Figs. 6.7(a) and 6.8(a) show the grain refinement process close to the sample top surface. The 
initial orientation of this region approaches to the C component of the ideal torsion texture. 
Originating from this orientation, one can see from Fig. 6.8(a) that all the lattices rotate 
predominately along the radial axis to accommodate the increasing plastic deformation. Grain 
refinement does not take place until ~40° revolution angles HPT deformation. After 45° 
deformation, the lattice rotation angles along the R axis exhibit obvious divergences due to the 
strain gradient existing along the radial direction, leading to the formation of these grains, 
namely, Grains 1, 2 and 3, in Fig. 6.7(a). Seeing from Fig. 6.7(a), Grain 3 has the orientation 
close to the ideal A component which aligns the (111) crystallographic plane with the shear 
plane. Therefore Grain 3 was colored in blue in the predicted grain map of Fig. 6.5. While the 
orientations of Grains 1 and 2, developed at less strained positions, are proceeding towards the 




same preferred orientation of A at distinctly varying degrees. All the lattices in this region 
rotate towards the same preferred orientation, therefore, the misorientation angles between 
Grains 1, 2 and 3 are not too large. 
The region located ~0.2mm from the top surface was examined in the same way. The initial 
orientation changes to occupy the positions of the ideal C component. The lattice rotation 
results recorded in Fig. 6.8(b) indicate a steady period with no lattice rotation at the early stage 
of HPT deformation, followed by significant increases along the radial direction. Grain 
subdivision occurs after ~25° HPT deformation, since when the less strained lattice tends to 
once more stop rotating to stabilize at the next favored orientation, whereas the more strained 
lattice continues to rotate at a fast rate. Close examinations reveal there are ~40° variations in 
the R-axis lattice rotation after 45° HPT deformation which are responsible for the development 
of Grains 4 and 5 in this region. The orientation of Grain 4 that developed at less strained 
position is identified to being close to the A1
∗  ({111}[211]) component in Fig. 6.7(b), and was 
colored in light blue in Fig. 6.5. The orientation of Grain 5 that developed at more strained 
position occupies positions greatly away from the A1
∗  in the pole figure. The misorientation 
between the developed Grain 4 and 5 is reasonably large. 
The development processes of Grains 1, 2 and 3 as well as Grains 4 and 5 indicate that the main 
reason of grain subdivision lies in the R-axis lattice rotation, the divergence in rotation rate 
along radial direction contributes to the formation of these grains. The reason for the 
occurrence of divergence in R-axis rotation rate is that the lattice does not rotate uniformly 
with respect to the shear deformation in HPT, as described in Chapter 5. 
As the distance from the top surface increase, the initial orientations of the regions along the 
radial direction gradually rotate away from the ideal C components, as shown in Figs. 6.7 (c)-(e). 
Regardless of the variations in the initial orientation, the R-axis lattice rotations shown in Figs. 
6.8 (c)-(e) illustrate a similar tendency of approximately linear increase with increasing plastic 
deformation, meanwhile, there is basically no divergence between adjacent positions. It is 
reasonable to expect from the aforementioned analysis that no grain refinement should occur 
in these regions further away from the top surface. However, after 45° HPT deformation, it is 




surprising to observe that at each region the resulting crystallographic orientations of the 
adjacent two positions occupy obviously different locations in the corresponding pole figures 
shown in Figs. 6.7(c)-(e). Further examinations of the lattice rotations in Figs. 6.8 (c)-(e) reveal 
that, accompanying with the predominant R-axis lattice rotations, a noticeable amount of 
lattice rotation angles along the θ axis also occurs. Specifically, after 45° HPT deformation, the 
amount of accumulative θ-axis rotation angles are ~-5° of Grain 7 and ~-45° of Grain 10 (see 
Fig. 6.8(c)), ~25° of Grain 8 and ~-50° of Grain 10 (see Fig. 6.8(d)) as well as ~-10° of Grain 9 
and ~-45° of Grain 10 (see Fig. 6.8(e)). Therefore, at these regions further away from the top 
surface, although the single sense R-axis lattice rotations still dominate the plastic deformation 
behavior of the HPT process, however, it has almost no influence on determining the grain 
subdivision. Instead, it is the θ-axis lattice rotation that plays a key role in the grain refinement 
process. When comparing the detected grains developed at various regions, the misorientation 
angles between Grains 9 and 10 are moderately large because of the same sense and small 
variations in θ-axis lattice rotations, followed by Grains 7 and 10 as the θ-axis divergence grows 
larger and the very large misorientation angles are developed between Grains 8 and 10 which 
occurs by large amount of rotations but opposite sense about θ-axis. 





Fig. 6.7 The predicted {111} pole figures of the detected grains along the radial direction. (a) Grains 1, 2 
and 3, (b) Grains 4 and 5, (c) Grains 7 and 10, (d) Grains 8 and 10 and (e) Grains 9 and 10 





Fig. 6.8 The predicted lattice rotation angles of the detected grains along the radial direction. (a) Grains 
1, 2 and 3, (b) Grains 4 and 5, (c) Grains 7 and 10, (d) Grains 8 and 10 and (e) Grains 9 and 10 
To achieve a comprehensive understanding of grain fragmentation along the radial direction, 
larger regions were examined to take Grain 6 into account. Figs. 6.9(a)-(c) show the predicted 
lattice rotations recorded on various reference lines of RL-1, RL-2, and RL-3 respectively after 




45° revolution angles HPT deformation. The positions of these reference lines were given in Fig. 
6.5. Two main characteristics of the lattice rotation results can be seen from Fig. 6.9. First, the 
formation of HAGBs that bounded Grains 6 and 7, Grains 6 and 8 as well as Grains 6 and 9 are 
mainly attributed to the distinct variations lying in θ-axis lattice rotations while the influences 
of R and Z-axis rotations could be basically neglected, just like that described in Figs. 6.8(c)-(e). 
Furthermore, only slight differences of the rotation angles around all three axes could be found 
for the detected Grains 6 and 10. 
 
Fig. 6.9 The predicted lattice rotation angles after 45° revolution angles HPT deformation of various 
reference lines (a) RL-1, (b) RL-2 and (c) RL-3.  
6.4.2 Grain Refinement along the Axial Direction 
In Fig.6.5, close to the sample periphery where the adjoining grains along the axial direction 
having varying thickness distances, Grains 3 and 4, Grains 4 and 5, and Grains 5 and 10 were 
selected for comparative analysis to investigate the grain refinement process along the axial 




direction. The same method used in the radial direction analysis was adopted. The resulting 
{111} pole figures and lattice rotation angles along the R, θ and Z axis are presented in Fig. 6.10 
and Fig. 6.11 respectively. In each pole figure of Fig. 6.10, one can see that the initial 
orientations of the detected grains are slightly different due to the intrinsic properties of the 
disk-shaped single crystal and the inherent characteristics of material flow during the HPT 
process. 
At the edge region close to the sample top surface, Fig. 6.10(a) shows that the initial 
orientations of the neighbouring two positions are slightly different and occupy positions 
gradually toward the ideal C component. Due to slight differences in the initial orientation, Fig. 
6.11(a) shows grain subdivision occurs early at low strain level compared to that recorded in Fig. 
6.8. The divergence in R-axis lattice rotations becomes relatively visible after 45° degrees of 
HPT deformation with the amount of ~55°. Meanwhile, the moderate divergences in θ and Z 
axis rotations could also be observed in Fig. 6.11(a). The large difference in R-axis rotation 
together with the moderate variations in the θ and Z axis contribute to the formation of 
distinctly misoriented grains along the axial direction in this region, namely, Grain 3 and 4. It 
can be seen from Fig. 6. 10(a) Grain 3 has the orientation close to the A component of the ideal 
torsion texture while Grain 4 has the orientation just rotated away from the ideal A1
∗  
component.  
Figs. 6.10(b) and 6.11(b) show the grain refinement process along the axial direction at 
~0.15mm from the top surface. The initial orientations occupy the positions of the ideal C 
component at slightly varied extents. When initially deformed, as shown in Fig. 6.10(b), one 
lattice is considered to be stable and illustrates no rotation while the other lattice has rotated 
predominately along the radial direction to accommodate the increasing plastic strain. 
Accordingly, the divergence in the R-axis rotation angles gradually expands and reaches ~35° 
after 20° degrees of deformation. Following that, the lattice with the stable initial orientation 
begins to rotate. The divergence in the R-axis rotations between the two adjacent positions 
progressively diminishes to zero after ~35° angles of sample rotation, indicating the adjacent 
two positions have almost the same orientation. As the deformation proceeds, the divergence 




in R-axis lattice rotations once more increases and is about 20 °  after 45°  degrees of 
deformation. As a consequence, Grains 4 and 5, form in this region, as shown in Fig. 6.10(b), 
which occupy different positions in the pole figure. 
Further examinations were conducted at ~ 0.25mm from the top surface. The initial 
orientations locate in the positions of ideal C component with minor differences in Fig.6.10(c). 
The tendencies of lattice rotation around all three axes recorded in Fig. 6.11(c) are similar to 
that of Fig. 6.8(d). Through the deformation process, the lattice rotations around the R axis are 
much larger than those around the θ and Z axes but the difference between the adjacent two 
positions is not large. The Z-axis lattice rotations are relatively small so that their influences 
could be basically neglected. The major difference lies in the θ axis where the accumulative 
lattice rotation angles around the θ axis are ~10° for Grain 5 and ~-50° for Grain 10 after 45° 
degrees of deformation. Therefore the large variation in the θ-axis lattice rotation dominates 
the grain fragmentation process in this region. Seeing from Fig. 6.10(c), the orientation of Grain 
5 has rotated further away from the ideal A1
∗  component, while the orientation of Grain 10 has 
just rotated close to the ideal C component and was colored in red in Fig. 6.5. The 
misorientation angles of Grains 5 and 10 are significantly large. 
 
Fig. 6.10 The predicted {111} pole figures of the detected grains along the axial direction. (a) Grains 3 
and 4, (b) Grains 4 and 5 and (c) Grains 5 and 10. 





Fig. 6.11 The predicted lattice rotation angles of the detected grains along the axial direction. (a) Grains 
3 and 4, (b) Grains 4 and 5 and (c) Grains 5 and 10. 
Figs. 6.12 and 6.13 respectively shows the results of orientations and lattice rotations of the 
adjacent grains along the axial direction at ~0.25mm from the sample periphery, that is, Grains 
2 and 4, Grains 4 and 7, Grains 7 and 8 and Grains 8 and 9. The lattice rotations recorded in Fig. 
6.13(a) indicate a similar tendency as Fig. 6.8(b) and Fig. 6.11(a). After 45° degrees of 
deformation, the main divergence is the R-axis lattice rotation and the corresponding values are 
~50°. This causes Grains 2 and 4 to form, as shown in Fig. 6.12(a). Fig. 6.13(b) shows that for 
the adjacent positions, the variation of R-axis lattice rotation is about ~15° and the divergence 
of θ-axis lattice rotation is ~20° after 45° angles of sample rotation. The developed Grains 4 
and 7 in Fig. 6.12(b) are seen to occupy positions significantly different from each other in the 
pole figure. The lattice rotations become very different in Fig. 6.13(c), nearly equal amount of 
divergences around all three axes could be observed after 45° HPT deformation, which 




operates together to contribute to the development of Grains 7 and 8 in Fig. 6.12(c). Grain 
refinement close to the bottom surface is obviously illustrated in Fig. 6.13(d), which reveals that 
the opposite sense lattice rotations along the θ axis is mainly responsible for the formation of 
Grains 8 and 9 (see Fig. 6.12(d)) in the region.  
 
Fig. 6.12 The predicted {111} pole figures of the detected grains along the axial direction. (a) Grains 2 
and 4, (b) Grains 4 and 7, (c) Grains 7 and 8 and (d) Grains 8 and 9. 





Fig. 6.13 The predicted lattice rotation angles of the detected grains along the axial direction. (a) Grains 
2 and 4, (b) Grains 4 and 7, (c) Grains 7 and 8 and (d) Grains 8 and 9. 
It is worth noting from Figs. 6.13(b)-(d) that the lattice rotations along the θ axis were involved 
for the two adjacent positions to be split up into different orientation branches. The function of 
the θ-axis lattice rotations in grain subdivision along the axial direction is better illustrated in 
Fig. 6.14, which shows the predicted lattice rotations after 45° degrees of deformation of the 
pre-defined reference line RL-4. The location of RL-4 was given in Fig. 6.5. Seeing from Fig. 6.14, 
each adjacent grains has the various amounts of opposite sense lattice rotations along the θ 
axis. Specifically, the lattice rotation angles around the θ axis are ~10° for Grain 4 and ~-15° for 
Grain 7, ~-8° for Grain 7 and ~6° for Grain 8 as well as ~30° for Grain 8 and ~-10° for Grain 9 
after 45° revolution angles HPT deformation.  
 





Fig. 6.14 The predicted lattice rotation angles along the RL-4 depicted in Fig. 6.5 after 45° revolution 
angles HPT deformation. 
The grain refinement process along the axial direction is more complicated than that along the 
radial direction because there was small initial orientation variation in the initial state. The 
initial orientation variation became stronger during straining and finally led to the development 
of grains which were separated by boundaries of high misorientation. Raabe et al. 
mathematically described this corresponded to a ‘positive divergence’ of the reorientation field 
which had an intrinsic tendency to build up orientation gradients [284]. We found that there 
are different reasons for the development of widely different oriented grains along the axial 
direction during the HPT process. One is the main divergence in the R axis lattice rotation, such 
as, Grains 4 and 5 in Fig. 6.11(b) and Grains 2 and 4 in Fig. 6.13(a); another one is the major 
variation in the θ axis lattice rotation, such as, Grains 5 and 10 in Fig. 6.11(c) and Grain 8 and 9 
in Fig. 6.13(d). In addition, the combined divergences along all three axes or two of the three 
axes can also cause the grain to subdivide, such as, Grains 3 and 4 in Fig. 6.11(a), Grains 2 and 4 
in Fig. 6.13(a), and Grains 7 and 8 in Fig. 6.13(c).  
In Fig. 6.5, at the right-down corner, only one large grain of Grain 10 with the major axis parallel 
to the axial direction could be obtained from the predicted grain map. Seeing from Fig. 6.6(j), 
under un-deformed condition, there was a clear initial orientation gradient in this region. 
However, this strong initial orientation gradient does not lead to grain fragmentation after 45° 




degrees of HPT deformation as described in Figs. 6.10 and 6.12. To explain this behavior, the 
lattice rotations around all three axes of various simulated positions within Grain 10 were 
calculated and the results are presented in Fig. 6.14. Position 1 in Fig. 6.14 corresponds to the 
location close to the bottom surface and it extents to position 7 as the distance from the 
bottom surface increases. Fig. 6.14 shows that, at any stage of HPT deformation, from position 
7 to position 1, the lattice rotation angles around R and θ axis increase gradually while the Z-
axis lattice rotation is basically zero. This leads to a continuous change in lattice rotations along 
the axial direction but the bulk region undergoes bulk reorientation. Raabe et al. 
mathematically described this corresponded to ‘zero divergence’ of the reorientation field 
which did not have an intrinsic tendency to build up orientation gradients [284]. Therefore, the 
pole figure of Fig. 6.6(j) reveals that the developed orientations are spread about a single 
average orientation of ideal C component rather than splitting into multiple distributions. This 
explanation also applies to the developed three large grains on the left side of the predicted 
grain map in Fig. 6.5, namely, Grains 1, 4, and 6. Moreover, it is worth noting that an isolated 
pole exists in the pole figure of Fig. 6.6(j), which means that Grain 10 is undergoing 
fragmentation and will be further subdivided if more strain applied.  





Fig. 6.15 The predicted lattice rotation results for various simulated positions in Grain 10. (a) Lattice 
rotations angles along the R axis. (b) Lattice rotations angles along the θ axis. (c) Lattice rotations angles 
along the Z axis 
In plastically deformed single and polycrystalline metals, the generation of new HAGBs and 
grain refinement process have been the subject of many studies [153,157,159,270,284,285]. It 
is well established form the previous studies that lattice rotation plays a key role in the 
development of HAGBs and fragmentation of grains [70,85,151–153,159,161,270,284,286–288]. 
The main characteristics of lattice rotation during the large strain torsion deformation and HPT 
process were studied by many experimental measurements and numerical simulations 
[153,166,167,170]. These investigations revealed that the common feature of lattice rotation is 
that the lattice rotates predominately along the radial axis of a single-sense direction to 
accommodate the increasing plastic strain introduced by torsion/HPT deformation 
[153,166,167,170]. However, how the lattice rotation leads the initially uniformly oriented 




crystals subdividing into portions with a range of different orientations is still unclear. In this 
study, in order to reveal the correlation between the grain subdivision procedure and lattice 
rotation, the lattice rotations angles around R, θ and Z axis and the orientation changes were 
analyzed over a set of grains predicted by the developed CPFEM model. By utilizing the analysis, 
we are able to determine the fragmentation model during the HPT process. It is found that in 
HPT there are mainly two models under which the grain fragmentation occurs and the 
formation of boundaries with high misorientation could be observed.  
In one model, the main reason of grain subdivision lies in the R-axis lattice rotation, as shown in 
Figs. 6.8(a)-(b), Figs. 6.11(a)-(b) and Fig. 6.13(a), the divergence in rotation rate along radial 
direction contributes to the formation of different oriented grains. The occurrence of 
divergence in R-axis rotation rate is because the lattice does not rotate uniformly with respect 
to the shear deformation in HPT. This model is confirmed by Barnett and Montheillet [153]. 
They investigated the generation of new HAGBs in aluminium during torsion deformation by 
experiments and a Taylor-type model, and found that these generated HAGBs were 
characterized by a disorientation axis close to parallel with the sample radial direction and the 
main cause of the high-angle boundaries was the difference in rotation rate along the radial 
direction. 
In the other model, the R-axis lattice rotation angles are still much larger than the other two 
axes in HPT, but there is only slight or even no divergence. Therefore it has few effects in 
determining grain refinement. Moreover, the Z-axis lattice rotation is relatively small and its 
influences could be basically neglected. Meanwhile, a noticeable amount of lattice rotation 
along the θ axis occurs and there are clear divergences in the rotation amount and (or) sense, 
which is supposed to contribute to the formation of grains separated by boundaries of high 
misorientation. This model of grain fragmentation could be widely found in this study, such as 
in Figs. 6.8(c)-(e), Fig. 6.11(c) and Fig. 6.13(d). It’s most obviously illustrated Fig. 6.8(d), in which 
the grain subdivision was achieved by large amount of rotations but opposite sense about the θ 
axis. 





In this chapter the developed CPFEM model was further employed to study the grain 
refinement behaviour of the initial (001) nickel single crystal during HPT process. The 
summaries are listed as follows: 
(1) The grain maps obtained by the developed CPFEM model in the present work were capable 
of predicting the prominent characteristics associated with grain refinement during the HPT 
process. The simulation results of the local texture on the interested cut plane were in good 
coherence with the previously published experimental observations of single crystal and 
polycrystalline materials deformed by the HPT process. 
(2) The development process over a set of different oriented grains bounded by high angle 
boundaries on the predicted grain map were extensively examined by the combination of 
lattice rotations angles and changes of orientation to explore the underlying mechanism. It has 
been found that there were mainly two models which caused the initial (001) nickel single 
crystal to subdivide: one is the difference in the rate of rotation along the radial direction, 
which is the direction of predominant lattice rotation in HPT; the other one is the divergence of 
rotation angles along the θ axis, even though they are much smaller than the R-axis rotations, 
can also contribute to the formation of grains with significantly different orientations. 
 




Chapter 7 Investigation of Plastic Deformation 
Behavior of Aluminium Single Crystal during HPT 
by CPFEM Simulation 
In the previous chapters, texture evolution and grain fragmentation of the nickel single crystals 
deformed by HPT were studied by CPFEM simulations. In this chapter, the developed CPFEM 
model is extended to simulate the HPT process of aluminium single crystal. This chapter will 
focus on the investigations of plastic deformation behavior along the circumferential direction 
and texture evolution with increasing HPT deformation will be discussed in detail. 
7.1 Introduction 
Crystalline matter is mechanically anisotropic. In a single crystal, it is well known that atoms 
should be able to slip over one another or distort in relation to one another easier in some 
directions than others. When the properties of a material vary with different crystallographic 
orientations, the material is said to be anisotropic. Alternately, when the properties of a 
material are the same in all directions, the material is said to be isotropic. For many 
polycrystalline materials the grain orientations are random before any working (deformation) 
of the material is done. Therefore, even if the individual grains are anisotropic, the property 
differences tend to average out and, overall, the material is isotropic. When a material is 
deformed, the grains are usually distorted and elongated in one or more directions and an 
initially isotropic metal therefore becomes anisotropic. An essential consequence of this 
crystalline anisotropy is that the associated mechanical phenomena such as material strength, 
shape change, ductility, strain hardening, deformation-induced surface roughening, damage, 
wear, and abrasion are orientation-dependent [74,199]. 




As HPT processing is normally applied on thin-disk shaped samples, the initial crystallographic 
orientation of a disk-shaped single crystal changes from position to position along the 
circumferential direction of the sample [48]. This will definitely lead to different plastic 
deformation behaviors along the sample circular direction during the HPT process. Therefore, in 
this chapter, the developed CPFEM model is further employed to investigate the 
circumferentially plastic deformation behavior of aluminium single crystal during the HPT 
process. Moreover, the texture evolution of the initial (001) aluminium single crystal is also 
presented and analyzed in detail. 
7.2 Plastic deformation behavior at the Early Stage of HPT  
The simulation model is basically the same as that used for the texture evolution and grain 
refinement studies in the previous chapters. The only differences are that aluminium single 
crystal was used in this chapter and the sample rotated clockwise along the axial direction. The 
starting material was oriented with (001) crystallographic plane lying parallel to the Z axis of the 
sample. The parameters of the constitutive laws for aluminium single crystal were already given 
in Chapter 4.  
7.2.1 True Strain, Mises Stress and Critical Resolved Shear Stress 
Figs. 7.1(a)-(c) shows the contour plot of true strain, Mises stress, and critical resolved shear 
stress (SDV 1) respectively that was recorded on the surface of (001) aluminium single crystal 
after a torsional strain of N=1/12 turn. Angle φ in Fig. 7.1(a) refers to the extent of material 
flowing away from the fixed X axis along the axial direction on the shear plane due to sample 
rotation. The critical resolved shear stress (CRSS) recorded in Fig. 7.1(c) represents the 
resistance of crystallographic slip. The CRSS of a slip system is a function of plastic strain and 
usually increases due to the material hardening caused by plastic deformation. 
As illustrated in Fig. 7.1(a), the strain remains relatively small at the center of the sample and it 
increases with the distance away from the center. The maximum strain exists in the vicinity of 
sample edge, which is around 1.4. Moreover, it can be seen from Fig. 7.1(a) that the spatial 




strain is basically homogenously distributed along the circumferential direction except for a 
slight difference at the edge region. The similar strain distribution on the section of the sample 
of different materials have been revealed previously in [265–267], which reported that the 
torsion deformation of a cylinder/tubular sample with respect to a [001] axis gave rise to the 
formation of four zones of more deformation around the circumference of the sample using a 
micro-macro anisotropic viscoplasticity model and experimental observations. The distribution 
of Mises stress in Fig. 7.1(b) becomes quite different. A distribution pattern of a four-fold 
symmetry is developed on the sample surface. Four more strain hardening regions separated by 
four less strain hardened ones with interval angles of φ = 90° along the circumferential 
direction could be observed. This result differs from that obtained by classic FEM simulation as 
revealed in [63,66], which gave an homogenous stress distribution along the circumferential 
direction of the sample deformed by HPT, indicating the FEM simulations are not capable of 
predicting deformation anisotropy attributed to the isotropic assumption. In Fig. 7.1(c), the 
distribution of CRSS also presents a similar characteristic of heterogeneity along the 
circumferential direction with an obvious four-fold symmetry pattern on the sample surface. 
Four easy slipping longitudinal zones could be observed on the surface of the sample that are 
separated by four relatively difficult slipping regions.  
 
Fig. 7.1 The contour plots of (a) True strain, (b) Mises stress and (c) CRSS recorded on the surface of (001) 
aluminium single crystal after N=1/12 turn HPT deformation. 




7.2.2 Texture Evolution along the Circumferential Direction. 
The results of Mises stress and CRSS recorded in Fig.7.1 revealed the obvious plastic 
deformation heterogeneity around the circumference of the sample. It is well established that 
such plastic deformation heterogeneity is strongly correlated with the crystallographic 
orientations developed during plastic deformation. Therefore, the evolution of crystallographic 
orientation along the circumferential direction of the HPT deformed aluminium single crystal 
was examined in detail. 
Fig. 7.2 shows the predicted {111} pole figures recorded along the circumferential direction of 
the initial (001) aluminium single crystal after N=1/12 turn HPT deformation. The resulting pole 
figures were obtained at various positions with the same distance away from the center of the 
sample (R0/R~=1) but different values of φ. According to Hafok and Pippan [48], the shear 
direction and the initial crystallographic orientation change between individually selected 
positions. The resulting {111} pole figures were all recorded on the θ − Z planes where the 
horizontal and vertical axes of the pole figures represent the local tangential (θ) and axial 
direction (Z), respectively. The locations of the main components of ideal torsion texture were 
also presented ad visualized by different symbols in the pole figures (after [164,170,283]). For 
the pole figure obtained at each selected position, the thick black dots stand for the initial 
crystallographic orientation corresponding to the un-deformed state, while the thick red dots 
denote the orientation after N=1/12 turn HPT deformation. The examinations of positions 
occupied by black and red dots recorded in one pole figure makes it possible to inspect the 
lattice rotation in the polar coordinate system due to plastic deformation, which is not easy to 
be accomplished by experimental measurements. 





Fig. 7.2 The predicted {111} pole figures recorded along the circumferential direction of the (001) 
aluminium single crystal after N=1/12 turn HPT deformation. The pole figure were recorded at different 
sample positions with φ = (a) −30°, (b) −15°, (c) 0°, (d) 18°, (e) 30°,(f) 45°, (g) 60°, (h) 150° and (i) 
−120° respectively. 
The first pole figure represents the orientation developed at the sample position φ = −30°. In 
the pole figure, the initial crystallographic orientation of this position is close to the Cube 
orientation. The lattice rotations are observed to be mainly around the radial axis in an anti-




clockwise direction, as shown in Fig. 7.2(a), which causes the initial Cube orientation to occupy 
positions of rotated cube orientation. When considering the pole figures in Figs. 7.2(b)-(c), 
which were recorded at sample positions of φ = −15°  and 0°  respectively, the initial 
orientations belonging to these positions gradually approach a certain ideal torsion texture 
component. The resulting orientations deviate significantly from that of φ = −30° position. In 
Fig. 7.2(d), the initial orientation of the φ = 18° position almost occupies the positions of the 
ideal C component. The orientation that developed after N=1/12 turn HPT deformation 
illustrates only a little divergence from the initial C orientation, indicating a relatively small 
amount of lattice rotations. Further examinations of the pole figures in Figs. 5.2(e)-(f) reveal 
that the initial orientations of φ = 30° and 45° positions gradually leave away from the ideal C 
component and the resulting orientations occupy completely different crystallographic 
orientations in their corresponding pole figures. Figs. 7.2(a)-(f) show that crystallographic 
orientations of various circumferential positions that developed at small level of strain of 
N=1/12 turn deviate significantly from each other due to variations in the initial orientation 
along the circumferential direction of the (001) aluminium single crystal. The initial orientation 
of position φ = 60° once more occupy the position of Cube orientation and the resulting 
orientation in Fig. 7.2(g) is quite similar with position φ = −30° .  
Due to the similarity in texture prediction of φ = 60° and φ = −30°positions, additional 
positions of φ = 150° and φ = −120° were investigated and the results are plotted in the 
same manner, as shown in Figs. 7.2(h)-(I) respectively. It is readily to see that the developed 
orientations recorded at these four different circumferential positions, with an interval of 90° 
in position angles φ, occupy almost the same positions in the corresponding pole figures, 
namely rotated cube orientation. Therefore, it can be concluded that the texture also develops 
a four-fold symmetry along the circumferential direction of the sample at this specific strain. 
Hafok and Pippan [48] investigated the texture evolution of initial (001) nickel single crystal 
along the circumferential direction at an equivalent strain of 1.4~1.6 by experimental 
measurements and predictions using Taylor-type modelling. They also reported the 
phenomenon of repetition in the texture development and the evolution of a four-fold 




symmetry at the early stage of HPT deformation, which agrees well with our predictions in this 
study using CPFEM model. 
7.2.3 Lattice Rotation along the Circumferential Direction 
Figs. 7.3(a)-(c) shows the contour map of lattice rotation angles around the R, θ and Z axis 
respectively that were recorded on the surface of the initial (001) aluminium single crystal after 
N=1/12 turn HPT deformation. In all the maps, positive values mean anticlockwise lattice 
rotations while negative angles mean clockwise rotations.  
  
Fig. 7.3 Contour plots of lattice rotation angles recorded on the surface of the initial (001) aluminium 
single crystal after N=1/12 turn HPT deformation. (a) Lattice rotation angles around R axis, (b) Lattice 
rotation angles around θ axis and (c) Lattice rotation angles around Z axis 
Fig. 7.3 shows that the lattice rotates around all three axes during the HPT process. The rotation 
angles around R axis are much larger than those around the θ and Z axes. The largest rotation 
angles around the R axis existing in the vicinity of sample edge are ~65° compared to those of 
~15° around the θ axis and ~20° along the Z axis. This is consistent with the result of 
predominant single sense rotations around the sample radial direction during the torsion 
deformation process reported in previously published papers [153,167,272]. It should be noted 
that, in this study, the sample rotated clockwise along the axial direction, the predominant R-
axis rotations in Fig. 7.3(a) are found to occur in an anticlockwise direction; when the sample 
rotated anticlockwise along the axial direction, as in the studies in chapters 5-6, the R-axis 
lattice rotations occurred in a clockwise direction. This implies that the direction of the 




predominant R axis rotation is determined by the direction of imposed sample rotation. 
Furthermore, in Fig. 7.3(a), one can see that the distribution of R-axis lattice rotations on the 
sample surface has the same feature of four-fold symmetry as shown in Figs. 7.1 and 7.2, where 
four red regions with higher value of lattice rotations, are separated by four blue regions with 
relatively small angles of lattice rotation. A close examination of the R-axis lattice rotation in Fig. 
7.3(a) indicates that the largest and smallest lattice rotations generally occur at specific 
positions on the sample surface. For instance, the sample position φ = 18° has the smallest R-
axis rotation angles of less than 10°. The initial orientation of this particular position was close 
to the ideal C component and the resulting orientation in Fig. 7.2(d) illustrated a limited 
divergence from the original C orientation. Also, the smallest Mises stress and CRSS in Figs. 
7.1(b)-(c) were observed at the circumferential position of about φ = 18°. Moreover, at sample 
position close to φ = −30°, the largest R axis lattice could be seen with the amount of ~65°. 
Seeing from the pole figure in Fig. 7.2(a), this particular sample position had an initial 
orientation close to the Cube orientation and the increasing introduced HPT deformation 
caused the resulting orientation to rotate significantly away. Besides, at the position of about 
φ = −30°, the highest strain hardening and slip resistance were also seen in Figs. 7.1(b)-(c).  
When considering the lattice rotations of the θ and Z axes on the surface of the sample, the 
four-fold symmetry pattern can also be observed, as shown in Figs. 7.3(b)-(c), which present the 
alternations of positive and negative rotations around the θ and Z direction, but the magnitude 
of lattice rotation angles along the θ and Z axes are much smaller. 
7.2.4 Slip Traces Evolution along the Circumferential Direction 
It is well known that crystalline materials deform plastically by the crystallographic slips of 
dislocations on discrete slip systems. In this study, the evolution of the slip traces along the 
circumferential direction was also investigated by the developed CPFEM model. Fig. 7.4 displays 
the simulated slip traces recorded at various positions along the circumferential direction of the 
initial (001) aluminium single crystal after N=1/12 turn HPT deformation. To save space, only 
the right hand side of the sample surface is shown. In Fig. 7.4, the small red circles represent 
the location of individually selected positions. At each position, six slip systems with the larger 




magnitude of accumulative shear strain are presented. The center of all the straight trace lines 
is located at the integration point of the element generated at this selected position. The 
direction of each straight line infers the orientation of the slip trace while the length of the 
straight line represents the relative magnitude of accumulative shear strain. The traces of these 
six slip systems, from the first largest magnitude to the sixth largest magnitude, are 
distinguished by black, blue, red, cyan, green, and magenta, respectively. These trace lines are 
the projections of the spatial slip traces onto the θ-Z plane, as illustrated in the bottom right 
corner of Fig. 7.4, where the horizontal direction stands for the shear direction while the 
vertical direction represents the axial direction.  
Seeing from Fig. 7.4, the simulated slip traces show significant variations along the 
circumferential direction of the sample. At sample position φ = −30°, the magnitudes of 
accumulative shear strain on the slip systems of interest are approximately the same. The six 
slip system could be treated as three sets which are all differently oriented. Within each set the 
two slip traces almost coincide with each other. At sample position φ = −15°, the slip activities 
are similar with φ = −30° position except that the accumulative shear strains corresponding to 
the fifth and sixth largest slip systems are much smaller. At φ = 0° position, a different slip 
trace is exhibited. Slip systems with the first and second largest accumulative shear strain 
coincide with each other and possess an accumulative shear strain that is several times larger 
the others. Moreover, these two slip systems tend to rotate towards the shear direction while 
the other slip systems of interest all orient with certain angles with each other. At the φ = 18° 
position, the slip activities become completely different, here the accumulative shear strains 
are concentrated on two slip systems, namely a3 and d3, as defined in Chapter 5, which share 
the same [110] crystallographic direction. The accumulative shear strain on the dominant two 
slip systems are huge compared to the other slip systems and their slip traces are almost 
parallel to the macroscopic shear direction. Under such circumstance, the influence of the 
other slip systems could basically be neglected. When further examining the positions from 
φ = 18° to φ = 60°, there is a tendency for the slip traces to develop gradually from dominate 
slip to multiple slip and the slip trace obtained at φ = 60° position possess the similar 
characteristics with φ = −30° position. 





Fig. 7.4 The visualization of slip traces of various positions along the circumferential direction of the 
initial (001) aluminium single crystal after N=1/12 turn HPT deformation.  
7.2.5 Discussion 
At the early stage of HPT deformation of the initial (001) aluminium single crystal, the Mises 
stress and CRSS were not homogenously distributed along the circumferential direction and a 
four-fold-symmetry distribution pattern was observed on the surface of the sample. Four ‘soft’ 
longitudinal zones could be seen in Fig. 7.1 that were separated by four relatively ‘hard’ regions. 
Quilici et al. simply attributed such a phenomenon to the Schmid factor variations along the 
sample circumference [266]. To achieve a better understanding of the plastic deformation 
heterogeneity along the circumference of the sample, texture evolution, lattice rotation and 
slip activities at various circumferential positions were plotted and have been analyzed in detail. 




These results are combined together to explain the differences in plastic deformation behavior 
along the circumferential direction during the early stage of the HPT process.  
Since HPT processing was applied onto a thin-disk shaped sample, the initial crystallographic 
orientation of the (001) aluminium single crystal changed from position to position along the 
circumferential direction under un-deformed state (see the pole figures in Fig. 7.2). At the early 
stage of HPT deformation, due to such variations in the initial orientation, the introduced 
torsion strain activated different slip systems at different circumferential positions, which could 
be clearly observed from Fig. 7.4. It is possible that only two slip systems were active (dominant 
slip mode), whereas the slip mode in which many systems are active is called multiple slip mode. 
Single crystals deformed by different modes (dominate or multiple slip) showed different plastic 
deformation behaviors. 
At some sample positions, for example, φ = 18°, dominant slip was the slip mode. The 
accumulative shear strain on the two primary slip system were significantly larger than the 
others and they shared the same [110] slip direction which aligned parallel to the macroscopic 
shear direction, as shown in Fig. 7.4. All the introduced plastic strains were concentrated into 
the dominant slip systems, producing a given amount of overall glide rotation (ΩP). This 
resulted in the fact that the required material rotation (Ω) can be almost fully satisfied by 
plastic rotation (ΩP) induced by the dominant slip and therefore the lattice rotation (Ω*) was 
very small at φ = 18° position (see Fig. 7.3(a)). This would lead to the near-initial orientation 
after deformation (see the pole figure in Fig. 7.2(d)). The dominant slip was basically not 
influenced by other slip systems and the material flowed easily. So a limited macroscopic strain 
hardening occurred at φ = 18° position in Fig. 7.1(b), while relatively small slip resistance was 
found at the same sample position in Fig. 7.1(c). 
However, at certain sample positions, such as φ = −30°, a multiple slip mode could also be 
activated. The activated systems possessed almost the same amount of accumulative shear 
strain but oriented along different directions, as shown in Fig. 7.4. Each of the slip systems of 
interest produced a rotation component, the resultant of which was the overall glide rotation 
(Ωp) was relatively small. The lattice must rotate to generate a large Ω* to satisfy the material 




rotation (Ω) requirement, as shown at φ = −30° position in Fig. 7.3(a), which led to a 
considerable change in orientation (see the pole figure in Fig. 7.2(a). The simultaneously 
activated slip systems interacted with each other and hindered the flow of the material. 
Therefore a strong macroscopic strain hardening took place at φ = −30° position in Fig. 7.1(b) 
and meanwhile relatively large values of slip resistance at the same sample position could be 
observed in Fig. 7.1(c). 
At other sample positions along the circumferential direction, the slip conditions were between 
these two slip modes of dominant slip and multi-slip. Accordingly, there were moderate 
increases in Mises stress and CRSS, as shown in Figs. 7.1(b)-(c) respectively. 
7.3 Plastic Deformation Behavior with Increasing HPT Deformation  
The evolution of CRSS (SDV1) with increasing HPT deformation was studied using the CPFEM 
simulation. Fig. 7.5 shows the distribution of CRSS on the surface of the initial (001) aluminum 
single crystal after subjected to increasing HPT deformation from N=1/8 turn, through N=1/2 
turn, to N=2/3 turn.  
After processed through N=1/4 turn, compared with N=1/12 turn deformation recorded in Fig. 
7.1(c), further material hardening has occurred and the sample exhibits higher CRSS values over 
the total section. The central area of lower CRSS is reduced in size significantly. Moreover, the 
four-fold-symmetry distribution of CRSS on the sample surface can still be clearly observed in 
Fig. 7.5(a). The ‘hard’ and ‘soft’ regions all rotate along the circumferential direction as material 
flows and occupy different positions on the surface of the sample compared with that in Fig. 
7.1(c), which is mainly due to that as the material rotates continuously around the axial 
direction during the HPT process, the crystallographic orientations change according.  
When the HPT deformation proceeds to N=1/2 turn, It can be seen from Fig. 7.5(b) that there is 
a tendency for regions with higher CRSS to expand from sample edge towards the center and 
simultaneously along the circumferential direction. The regions with higher CRSS become 
broader. Furthermore, at the edge region of the sample, the variations in CRSS along the 




circumferential direction decrease and the four-fold-symmetry distribution pattern on the 
sample surface becomes weak. This is mainly due to that some crystals has almost reached a 
saturate level of strain hardening while some crystals still undergoes further hardening, leading 
to that the difference in CRSS decreases.  
After a large torsion deformation of N=2/3 turn is fulfilled, as shown in Fig. 7.5(c), the values of 
the CRSS illustrate gentle increases over the whole section and there are much higher CRSS 
values around the periphery of the sample than the center. Compared with the results 
recorded in Fig. 7.1(c) and Figs. 7.5 (a)-(b), the four-fold-symmetry distribution of the CRSS 
grows even weaker and could be barely seen on the sample surface at the edge of the sample. 
Instead, the CRSS tends to be reasonably homogenously distributed along the circumferential 
direction. This is supposed to be primarily attributed to the gradual expansion of the saturated 
strain hardening region with increasing torsion deformation in HPT. 
 
Fig. 7.5 The predicted results of CRSS recorded on the surface of the initial (001) aluminum single crystal 
after deformed by increasing HPT deformation of (a) N=1/4 turn, (b) N=1/2 turn and (c) N=2/3 turn.  
7.4 Texture Evolution with Increasing HPT Deformation 
In the un-deformed state, a small region at the edge of the sample was used as a 
representation to investigate the local texture evolution of the initial (001) aluminium single 
crystal during the subsequent deformation process. This selected region was located near the 
top surface on the Y=0 mm section and the coordinates of its center was X=4.5mm, Y=0 mm 
and Z=0.7 mm. The initial orientation of this region in the local polar coordinate system was 




almost Cube orientation, as shown in Fig. 7.6(a). As the sample was deformed continuously by 
the constantly imposed rotation, the selected region flowed around the torsion axis on the 
shear plane simulating the changes in crystallographic orientation. The resulting orientations as 
a function of increasing applied strain predicted by the developed CPFEM model are presented 
in Fig. 7.6 in terms of {111} pole figures recoded on θ − Z planes. The horizontal axis and 
vertical axis of the pole figures represents the local circumferential and axial directions, 
respectively. The resulting orientations obtained at different strain levels are marked by black 
dots. The simulated texture will be compared with the ideal torsion texture in the following 
context. For the convenience of interpretation, the locations of the main torsion texture 
components on the {111} pole figure are visualized with different symbols. According to Kockss 
and Jonas[164], an {hkl} <uvw> orientation adopted here signifies that the {hkl} plane coincides 
with the shear plane and that the <uvw> direction is aligned with the shear direction. The A-
type texture fiber are indexed as {111} <uvw>, the B-type fiber as {hkl} <110> and the C 
orientation as {001} <110>, which is a special position of the B fiber.  
The effect of the increased torsion straining on the texture evolution is initially illustrated in Fig. 
7.6(b), referring to 30° degrees of HPT deformation, where the developed orientations has 
rotated significantly away from the initial Cube orientation around the radial axis in an anti-
clockwise direction due to the continuous lattice rotations and locate around the position of, 
according to [144], rotated cube orientation. Moreover, the orientations arranges as steak-like 
distribution in the pole figure, indicating small variations in the magnitude of lattice rotations 
between adjacent elements generated in the selected region. This rotated cube orientation is 
not stable. As the HPT deformation proceeds, the lattices are further rotated to accommodate 
the increasing plastic deformation. After subjected to 60° degrees of HPT deformation, one can 
see from Fig. 7.6(c) that the selected region has orientations dominated by C component of the 
ideal torsion texture which favors the alignment of {001} crystallographic planes with the shear 
plane and < 011̅ > crystallographic directions with the shear direction. Furthermore, this 
steak-like distribution is further elongated and becomes even more obvious in Fig. 7.6(c). The 
developed ideal C orientation is relatively stable. The selected region is capable of maintaining 
this orientation with increasing HPT deformation and the major orientations begin to initially 




move away from it after a sample rotation of 85° (which is not given here). This results is 
confirmed by the experimental measurements of texture evolution for nickel single crystal 
during the HPT process recorded in [48], which reported that the C texture component was 
maintained over a wide range of equivalent strains ranging, indicating a stable orientation. 
When the sample rotation angles reach 95°, it can be seen from Fig. 7.6(d) that the predicted 
orientations have rotated away from the ideal C component which could barely be seen in the 
pole figure. The developed orientations become widely spread at this rotated position and 
extent somewhat towards the next preferred orientation, leading to a much wider banding 
distribution of the scattered poles shown in Fig. 7.6(d). The developed orientations keep on 
rotating with increasing plastic deformation until they reach another preferred orientation after 
subjected to 110° degrees of sample rotation, as shown in Fig. 7.6(e). This preferred orientation 
in Fig. 7.6(e) is recognized as the A2
∗  component of the ideal torsion texture which aligns the 
{111} crystallographic planes with the shear plane and the <112̅ > crystallographic directions 
parallel to the shear direction. The steak-like distribution of the poles could once more be 
observed in the pole figure. The selected region is able to maintain the ideal A2
∗  orientation for 
a moderate strain range from around 110° to about 125° revolution angles HPT deformation 
and then begins to deviate from it. As the sample rotation angles increase to 135°, the pole 
figure in Fig. 7.6(f) shows that some orientations locate close to the ideal A2
∗  component while 
the majority of the predicted orientations have rotated significantly away from it to occupy 
positions that differ greatly. The resulting poles reveal a fairly scattered distribution in the pole 
figure of Fig. 7.6(f). After 155° degrees of HPT deformation, the pole figure in Fig. 7.6(g) shows 
that the resulting orientations are strongly distorted to occupy positions close to different ideal 
torsion texture components and a preliminary state of the torsion texture has been developed 
for the selected region at this particular level of straining. The strong ideal torsion texture 
revealed for the case of shear deformation could be captured in the pole figure of Fig. 7.6(h) 
where the sample undergoes 180° angles of rotation. As the HPT deformation proceeds to 
relatively large degrees of 240°, the developed ideal torsion texture in Fig. 7.6(h) becomes 
weaker and there is tendency for the resulting orientations to be randomly distributed in the 
pole figure of Fig. 7.6(i). It has to be noted that the results recorded in Figs. 7.6(h)-(i) were 




collected from a relatively large section that spreads from the center of the sample to the edge 
through the whole thickness. 
 
Fig. 7.6 The predicted {111} pole figures of the initial (001) aluminium single crystal as a function of 
increasing revolution angles HPT deformation of (a) 0°, (b) 30°,(c) 𝟔0°, (d) 95°, (e) 110°,(f) 135°, (g) 
155°, (h) 180° and (i) 240°.  




The results obtained for the evolution of local crystal orientations in the present work are in 
good coherence with the results that have been published previously for torsion/shear 
deformation. Rose and Stüwe [271] published experimental results for initially strongly cube 
oriented textured tubes of copper deformed in torsion process. They have found that the 
texture was simply rotated with the rigid body rotation. The plastic deformation, however, was 
not large. Toth and Jonas [272] showed by analytical modeling that in simple shear of Cube 
orientation the plastic spin was zero so that the orientation change rate was equal to the rigid 
body rotation rate for any rotated position of the initially cube oriented crystal, therefore the 
orientation change toke place solely around the sample radial axis. The same result was found 
in the present work, at least at the imposed rotation angle of the sample by 30°, see Fig. 7.6(b). 
At this particular position, the Cube orientation was rotated by nearly 60° around the radial axis, 
which is the axis of the rigid body rotation in HPT. However, for larger strains, the lattice 
rotation became very different because the rotation did not take place any more simply around 
the rigid body rotation axis. The crystal orientations differed greatly from the previous rotated 
cube orientation and then they all rotated progressively into the C component of the ideal 
orientation of shear textures (see Fig. 7.6(c)). Such a rotation has also been observed and 
modeled previously by Skorotzki and Toth et al. [144] for a nickel single crystal subjected to one 
pass ECAP. In that study the nickel single crystal was oriented initially almost like the 
orientation Fig. 7.6(b) with respect to the imposed deformation, which is mainly simple shear in 
ECAE. Starting from this orientation, the authors of Ref. [144] have found experimentally that 
the crystal rotated into the C component. It was also modeled by polycrystal simulations 
starting with a polycrystal with orientations near to the initial ideal position. The main predicted 
texture component became the C at large strains. The present study further showed that the C 
type orientation remained almost unchanged as the sample rotation angles increased from 60° 
to around 90°, which indicated that the C texture component was a relatively stable orientation 
in HPT. Our simulation results in Figs 7.6(b)-(d) have already been confirmed in the 
aforementioned references. Even if those results were obtained for other materials (copper and 
nickel), they deformed also with the same {111}<110> slip systems, which were used also in the 
present case of aluminium. For even higher strains, the present study showed that the lattice 




restarted the predominant single-sense radial direction lattice rotation and led the orientations 
rotating close to the next preferred orientation of A2
∗  after 110° revolution angles deformation 
(Fig 7.6(e)). Hafok and Pippan [48] also reported the similar changes of the measured 
orientations from one preferred crystallographic orientation to another for nickel single crystal 
during HPT deformation process. Then when further deformed the obvious divergences of the 
developed orientation occurred, which led to a fairly scattered distribution of the resulting 
poles in the pole figure (see Figs. 7.6(f)-(g)). For the relatively higher strains of 180° 
deformation, in a large studied section, the ideal torsion texture typically for FCC metals 
deformed by shear deformation was formed (Fig 7.6(h)). This is consistent with the 
experimental observations of many single crystal and polycrystalline materials deformed by 
HPT deformation to very large strain level [43,44,47,48,52,54]. A further increase in the strain 
leads to the tendency of gradually weakening of the ideal torsion texture (Fig 7.6(i)), which 
agrees with the experimental observations by Orlov et al. [49]. They examined the texture 
evolution of pure aluminium in HPT and found that the texture varied in a systematic manner 
with increasing strain: The texture was dominated by the orientations belonging mainly to the A 
fiber during the early stages of deformation. The A fiber was gradually substituted by the C 
component with increasing strain. With further increase in strain the volume fraction of the C 
component decreased the texture was found to be weakened and randomized. Moreover, Al-
Fadhalah et al. [54] proposed that the stability of the ideal torsion texture at high HPT strains 
might be periodic in nature so that the ideal torsion texture formed, broke and then reformed , 
which was caused by the permanent changing of the shear direction during torsion [53].  
At the early stage of HPT deformation, from the beginning to around 120° revolution angles, 
the series of pole figure in Figs. 7.6(a)-(e) reveal that the lattices rotated progressively with 
respect to the continuously introduced plastic straining, leading to the initial Cube orientation 
rotated progressively to the rotated cube orientation, and then to the ideal C component, 
followed by the A2
∗  component of the ideal torsion texture. This is a consequence of the 
different activated slip systems at different stages of HPT deformation, as discussed in Chapter 
5. However, at each rotated position, the resulting poles arranged as steak-like or banding 
shape distributions in their corresponding pole figures, which indicated that the selected region 




experienced limited fragmentations throughout the early HPT stage. As the revolution angles 
realized in the HPT increased further, there was a fairly scattered distribution of the resulting 
poles in the pole figures in of Figs. 7.6(f)-(g) and a strong ideal torsion texture when a large 
section was considered (see Fig. 7.6(h). This effect is connected with increasing formation of 
high angle grain boundaries and the development of grains with significantly different 
orientations at higher deformation degrees [46], as discussed in Chapter 6. For even higher HPT 
strains, the developed ideal torsion texture tended to be weakened in Fig. 7.6(i). This is 
primarily attributed to the gradual transformation from LAGBs to HAGBs, which leads to a 
greater spread in orientations between neighboring crystallites and the development of overall 
weaken and randomized texture [51,54]. 
7.4 Summary 
In this chapter, the investigations of plastic deformation behavior along the circumferential 
direction and the texture evolution of the initial (001) aluminium single crystal during the HPT 
process using the developed CPFEM model have been performed. The following summaries can 
be made: 
(1) At the early stage of HPT deformation of the initial (001) aluminium single crystal, Mises 
stress and CRSS were non-homogenous along the circumferential direction and a four-fold-
symmetry distribution pattern occurred on the sample surface. Due to the variations in the 
initial orientation along the circumferential direction of the disk-shaped single crystal, the 
introduced plastic torsion strain activated different slip systems (dominant slip or multiple slip) 
at different circumferential positions, which led to differences in lattice rotations and 
crystallographic orientation changes, and to different mechanical behaviors from position to 
position along the circumferential direction. This was assumed to be responsible for the 
development of plastic deformation heterogeneity along the circumferential direction. Such 
plastic deformation heterogeneity along the circumferential direction could be maintained over 
a wide strain range in HPT. 




(2) For higher strains, the non-homogenous distribution of CRSS along the circumferential 
direction became weak. This is mainly due to that some crystals has almost reached a saturate 
level of strain hardening while some crystals undergoes further hardening. For even higher 
strains, the four-fold-symmetry distribution of the CRSS grew even weaker and could be barely 
seen on the surface of the sample due to the gradual expansion of the saturated strain 
hardening region during the HPT process. 
(3) At the early stage of HPT deformation, the initial Cube orientation of (001) aluminium single 
crystal rotated progressively to the rotated cube orientation, and then to the ideal C 
component, followed by the A2
∗  component of the ideal torsion texture, which was a 
consequence of the different activated slip systems at different stages of HPT deformation. The 
resulting poles arranged as steak-like or banding shape distributions in their corresponding pole 
figures. At higher strain levels, apparent divergences of the developed orientation occurred, the 
resulting orientations were strongly distorted to occupy positions close to different ideal 
torsion texture components and revealed a fairly scattered distribution in the pole figures. At 
even higher strain levels, a strong torsion texture was developed in a large studied section and 
it tended to be weakened as the torsion deformation proceeded. 
 
 




Chapter 8 Conclusions and Recommendations for 
Future Work 
8.1 Conclusions 
In this work, a CPFEM model has been developed to simulate the plastic deformation behavior, 
texture evolution, and grain refinement of single crystals during the HPT process. It should be 
noted that the CPFEM simulations of HPT of single crystals have never been conducted. The 
following conclusions can be drawn: 
(1) The 3D FEM model of the HPT process was firstly constructed. Remeshing and mapping 
solution method of ABAQUS software was adopted to cope with the severe mesh distorsion 
problem due to heavy deformation in the simulation. It has been proved that the mesh to mesh 
solution mapping technique could satisfy the requirement of HPT simulation. The evolutions of 
Mises stress and equivalent strain with increasing HPT deformation were presented. The 
simulated results agreed well with the experimental measurements.  
(2) The crystal plasticity theory and a rate-dependent hardening law were introduced and the 
procedure of implementing the crystal plasticity constitutive model into the UMAT of the 
commercial finite element code (ABAQUS) was described. For the first time, the CPFEM model 
of the full scale HPT process of nickel and aluminium single crystals have been constructed. 
 (3) Texture evolution of nickel single crystals during the HPT process has been simulated by the 
developed CPFEM model. The predicted textures results were in good coherence with the 
previously published experimental measurements. It has been found that, different 
crystallographic orientations rotated towards different ideal shear texture components with 
respect to the torsion deformation in HPT. During this process, lattice rotated predominately 
along the radial direction. While for the initial Cube orientation of (001) nickel single crystal, 
there were a noticeable amount of rotation angles around the tangential direction and axial 




direction. Moreover, lattice did not rotate uniformly during the HPT process, the rotation rate 
converged when approaching the main components of the ideal shear texture but it diverged 
while rotated away from the ideal texture components. In addition, for HPT deformation, the 
material spin was usually larger than other SPD processes due to severe shear deformation. The 
material spin requirement could be met by either lattice spin or plastic rotation rate. The lattice 
spin, which is the difference between material spin and plastic rotation rate, was controlled by 
the plastic rotation rate. Under dominant slip condition, material spin could be mainly or even 
fully satisfied by plastic rotation rate, and therefore the lattice rotation rate was very small or 
even dropped to zero, which led to limited orientation change or even stable orientation with 
increasing HPT deformation. While for multi-slip condition, each of the slip systems of interest 
could produce a rotation component that resulted in a very small or even zero overall plastic 
rotation rate, the lattice must rotate to generate large lattice spin in order to satisfy the 
material spin requirement, which led to significant orientation changes. Dominant slip and 
multi-slip competed against each other to minimize the total energy consumed in the system, 
which is responsible for texture evolution of nickel single crystal during the HPT process. 
(4) Grain refinement behaviors of the nickel single crystal during the HPT process have been 
simulated by the developed CPFEM model. The predicted grain maps were capable of reflecting 
the prominent characteristics associated with grain refinement during the HPT process. The 
simulation results of the local texture development on the interested cut plane were in good 
coherence with the previously published experimental observations of single crystal and 
polycrystalline materials deformed by HPT. It has been found that there were mainly two 
reasons which were responsible for the grain fragmentation of the nickel single crystal: one was 
the difference in lattice rotation rate along the radial direction, which is the direction of 
predominant lattice rotation in HPT. The occurrence of divergence in R-axis rotation rate was 
because the lattice did not rotate uniformly with respect to the shear deformation in HPT; 
another one was the divergence of rotation angles along the tangential direction, even if much 
smaller than the R-axis rotations, could also contribute to the formation of grains with 
significantly different orientations. 




(5) Plastic deformation behavior along the circumferential direction of the initial (001) 
aluminum single crystals at the early stage of HPT processing and its evolution with increasing 
HPT deformation have been simulated by the developed CPFEM model. It has been found, at 
the early stage of HPT process, Mises stress and CRSS were not homogenously distributed along 
the circumferential direction and a four-fold-symmetry distribution pattern could be observed 
on the sample surface. Because of the variations in the initial orientation along the 
circumferential direction, the introduced plastic torsion strain activated different slip systems at 
different tangential positions. Tangential positions deformed by different slip modes resulted in 
differences in lattice rotations and crystallographic orientation changes and showed different 
mechanical behaviors, which was assumed to be responsible for the development of plastic 
anisotropy on the sample surface. For higher strains, the non-homogenous distribution of CRSS 
along the circumferential direction became weak. This was mainly due to that some crystals has 
almost reached a saturate level of strain hardening while some crystals underwent further 
hardening. For even higher strains, such a heterogeneous distribution of the CRSS grew even 
weaker due to the gradual expansion of the saturated strain hardening region during the HPT 
process. 
8.2 Recommendations for Future Work 
The following investigations are recommended to be conducted to continue the research from 
this work. 
(1) More experimental measurements of microstructure and microtexture evolution of nickel 
and aluminum single crystals with increasing HPT deformation need to be conducted. 
Further experimental validation for the CPFEM simulations needs to be carried out. 
(2) The influencing factors, such as, sample dimension, frictional condition, structure elements 
and size, applied pressure, torsional rate and direction need to be examined by more 
CPFEM simulations and discussed in detail. 
(3) The experiments and simulations of the bi-crystals poly-crystals during the HPT process 
considering the initial crystallographic orientations of the component grains need to be 




carried out to investigate in depth the influence of grain boundaries with different initial 
orientations on the deformation behaviors during the HPT process. 
(4) The CPFEM model has been proved to be a very effective and powerful tool to simulate the 
various plastic deformation behaviors of FCC structured materials during the HPT process in 
this work. It is strongly recommended that the CPFEM simulations of the HPT processes of 
BCC and HCP materials need to be conducted. The other deformation mechanism such as 
twinning needs to be considered in the crystal plasticity theory in order to accurately 
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